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ABSTRACT
The process parameters related to thermo-mechanical controlled processing (TMCP) of steels play
a vital role in affecting the ultimate mechanical properties. We illustrate here the impact of coiling
temperature, the impact of finish cooling temperature on interrupted cooling and compare with
continuous cooling, and the impact of carbon and niobium on the microstructure and precipitation
behavior and corresponding changes in mechanical properties, in an ultrahigh strength titaniumniobium microalloyed steel. The microstructural advancement was contemplated via transmission
electron microscopy and electron backscattered diffraction (EBSD). The goal was to underscore
the impact of coiling temperature on the nature and distribution of microstructural constituents that
essentially added to differences in the yield and tensile strength of these steels. Depending on the
coiling temperature, the microstructure comprised of either a combination of fine lath-type bainite
and polygonal ferrite or polygonal ferrite together with the precipitation of carbides of size less
than 10 nm in the matrix. The microstructure of steel coiled at lower temperature predominantly
comprised of bainitic ferrite with lower yield strength contrasted with the steel coiled at a higher
temperature, and the yield to tensile strength ratio was found to be around 0.76. The microstructure
of the steel coiled at a higher temperature comprised of polygonal ferrite and extensive
precipitation of carbides and was characterized by higher yield strength and with yield
strength/tensile strength ratio of 0.94. The microstructure of continuously cooled and interrupted
cooled steels with various finish exit temperatures comprised of polygonal ferrite, bainite and
martensite/austenite constituent. However, the fraction of various microstructural constituents was
diverse in each of the trial steels. Similarly, there were differences in the distribution and average
size of (Nb, Ti)C precipitates. The previously mentioned differences in the microstructure and
precipitation introduced differences in mechanical properties. Moreover, electron backscattered
vi

diffraction studies showed particular variation in average grain area and high angle boundaries
between continuously cooled and interrupted cooled steels. Carbon and niobium (Nb) play a vital
role in inﬂuencing the ultimate microstructure and tensile properties. The increase of carbon
weight percent in steel increased the precipitation temperature of (Nb, Ti)(C, N), which prompted
relatively larger size precipitates in the matrix. Besides, high carbon content added to stabilization
of austenite and delayed the transformation temperature of ferrite and bainite, such that
martensite/austenite constituent (M/A) was obtained. This affected the properties by slightly
increasing the strength of the steel. Polygonal ferrite microstructure in steel with high Nb-content
was responsible for relatively low strength in comparison with steels with higher carbon content.
Granular bainite and lath bainite in steel were characterized by the best combination of strength
and elongation. The outcomes of the thermodynamic simulations were consistent with the
experimentally observed microstructure.
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CHAPTER 1: INTRODUCTION
1.1

Crude steel production
Steel is found to be in everyday usage by humankind, and in fact, it is one of the world’s

most essential materials used extensively in day-to-day life. The demand and use of good quality
steel are on the rise. The steelmaking is showing a positive trend in its production globally, and
indeed its production has increased from 784 MT in 1999 to 1627 MT in 2016 ([1] world steel
association, 2000 and 2017), as evidenced from Table 1.1 [1].

1.2

Significance of high strength low alloy steel in the modern world
Research on improving the steel’s quality is a continuous process making it a challenge for

researchers as the demand for the high strength steel expands to a variety of applications such as
preparation of beams, buildings, bridges, plates in naval ship, reinforcing bar, heat treated forgings
and line pipes for downhole applications [2,25]. Yield strength, the amount of stress a material can
withstand without permanent deformation, is one of the important requirements in such
applications particularly when the search for oil and gas sources is taken up very deep, both on
and off the shore. It is normally expected to be greater than 700 MPa for enhanced performance.
Special processing, involving physical, chemical and mechanical properties, is applied to improve
the strength of steel.
Thermo-mechanical controlled processing (TMCP) is one such process typically applied
to refine the microstructure of steels in an effort to strengthen its strength. The process is usually
combined with the optimization of processing parameters such as coiling and finishing temperature
to obtain desired mechanical properties [2,3]. It is also a well-known fact that refining grain size
in the steel improves strength. Refining austenite grains prior to allotropic transformation affects
1

Table 1.1. Major crude steel producing regions and countries with global data in the comparison
between 1999 and 2016 (Million Tons) [1].
Region/Country/Global

1999

2016

North America

130

110

USA

97

78

European Union

155

162

Asia

305

1123

Mainland China

123

807

India

24

95

Global

784

1627

2

the size and shape of resulting ferrite grains. This is because the nucleating sites for the ferrite
grains are mainly austenite grain boundaries, followed by twin boundaries and deformation bands.
The TMCP process helps in managing the deformation of the austenite above or below the
recrystallization temperature. Deforming below the recrystallization is tedious and is usually
achieved by hot rolling, an effective way of obtaining fine and uniform grain structure. Besides
controlled rolling, one other factor which greatly assists in refinement is the addition of alloying
elements. These elements usually include combinations of Niobium, Titanium, Vanadium, and
when added in small portions, contribute toward the refinement of austenite grains. Successful
development of microalloyed structural steels with a minimum yield strength of approximately
400 MPa [4,5] has been the major inspiration to develop much higher quality grades. In recent
years, several innovative processes such as quenched and tempered (QT) [6,7], quenched,
lamellarized and tempered (QLT) [8], transformation-induced plasticity (TRIP) [9], and quenched
and partitioned (Q&P) [10,11] heat treatments are also being industrially developed to push the
limits of what steels can hold the strength. However, there are many practical challenges,
particularly in line pipe steels. These include a need for homogeneous microstructure, better
mechanical properties such as yield and tensile strength, ductility, toughness, weldability and low
yield to ultimate strength ratio with a safe design. The reason for inhomogeneity of microstructure
could be due to retarded recrystallization. Recrystallized and non-recrystallized austenite grains
create mixed results upon transformation, affecting the homogeneity of the ferrite phase. This
affects the yield strength of the material as the structure has both polygonal and non-polygonal
ferrites. Problems above are modified with the addition of microalloying elements as they normally
form precipitates such as carbides, nitrides or carbo-nitrides inside the matrix. These precipitates
seize the grain growth by pinning the austenite grains which is extensively researched in this study.

3

In reality, quality is probably going to be significantly more demanding requisite as the
pipe designing enters a plethora of difficult environment, regardless of whether these are in the
profound seas of Brazil or in the freezing atmosphere of north-central and New England states
[21]. Fortunately, the improvement in the area of combining the strength and toughness in steels
by advancements in microalloying and thermomechanical processing has met the indispensable
requirements.
Economic advantages of transporting unrefined petroleum and natural gas at higher
operating pressures have prompted the installation of larger diameter pipes. Hence, any attempts
to further increase the strength of line pipe material will ultimately allow a significant decrease in
wall thickness is thereby bringing about the much-needed cost-effective benefits with overall
weight reduction [2].

1.3

Line pipe specifications
While the American Society for Testing and Materials (ASTM) is an international

standards organization that publishes technical standards for a wide range of materials, and
products including steel, American Petroleum Institute (API) specifications has been the keystone
in establishing and maintaining standards for the worldwide oil and natural gas industry and
indulges in majority of the line pipe terminology and definitions. It has clearly mentioned the
standard wall thickness for every pipe diameter [22, 23]. Different grades of line pipe steels are
assigned as A, B, and X that characterize manufacturing and product details. These specifications
include alloy chemistry, mechanical properties of the material like ultimate tensile strength, yield
strength % elongation, fracture toughness and so forth. Grades A and B represent standard line
pipe, while X represents stronger grades. Numerous studies second the utilization of high-strength
low-alloy (HSLA) grade line pipe as they are found cost-efficient means of transporting natural
4

gas [2-4]. Higher strength helps in reduction of wall thickness that reduces the total amount of
steel required thereby making handling easier on the construction site.
Table 1.2 shows the standard wall thickness for specific pipe diameter for X70 line pipe
steel. Commercially available API X70 and API X80 line pipe sheets of steel have been
successfully marketed worldwide in line pipe construction. Several trials and experiments are
carried out to produce increasingly stronger pipes. Currently, researchers are working on
improving properties, in addition to high strength, such as very high impact and fracture toughness,
easier weldability, the desired capability to arrest cracks [5]. High-grade line pipe X100 and X120
are still in the offing to be fully commercialized.

5

Table 1.2 API 5L X-70 pipe schedule chart and nominal wall thickness for seamless and welded
steel pipes according to ANSI B36.10 [24].

API 5L X70 Pipe Schedule
NPS
(in)

Outside
Diameter
(in)

SCH SCH
10
20

SCH
30

SCH
STD*

SCH
40

SCH
60

SCH
XS**

SCH
80

Wall Thickness (in)
1/8

0.405

0.068

0.068

0.095

0.095

1/4

0.540

0.088

0.088

0.119

0.119

3/8

0.675

0.091

0.091

0.126

0.126

1/2

0.840

0.109

0.109

0.147

0.147

3/4

1.050

0.113

0.113

0.154

0.154

1

1.315

0.133

0.133

0.179

0.179

1¼

1.660

0.140

0.140

0.191

0.191

1½

1.900

0.145

0.145

0.200

0.200

2

2.375

0.154

0.154

0.218

0.218

2½

2.875

0.203

0.203

0.276

0.276

3

3.500

0.216

0.216

0.300

0.300

3½

4.000

0.226

0.226

0.318

0.318

4

4.500

0.237

0.237

0.337

0.337

5

5.563

0.258

0.258

0.375

0.375

6

6.625

0.280

0.280

0.432

0.432

6

SCH
100

8

8.625

0.25

0.277

0.322

0.322

0.406

0.500

0.500

0.594

0.307

0.365

0.365

0.500

0.500

0.594

0.719

0.330

0.375

0.406

0.562

0.500

0.688

0.844

0.375

0.375

0.438

0.594

0.500

0.750

0.938

0.375

0.375

0.500

0.656

0.500

0.844

1.031

0.438

0.375

0.562

0.750

0.500

0.938

1.156

0.500

0.375

0.594

0.812

0.500

1.031

1.281

0.500

0.375

0.875

0.500

1.125

1.375

0.562

0.375

0.969

0.500

1.219

1.531

0.625

0.375

0.625

0.375

0
10

10.750

0.25
0

12

12.750

0.25
0

14

16

18

20

22

24

30

32

14.000

16.000

18.000

20.000

22.000

24.000

30.000

32.000

0.25

0.31

0

2

0.25

0.31

0

2

0.25

0.31

0

2

0.25

0.37

0

5

0.25

0.37

0

5

0.25

0.37

0

5

0.31

0.50

2

0

0.31

0.50

2

0

7

0.688

0.500

0.688

34

36

42

34.000

36.000

42.000

0.31

0.50

2

0

0.31

0.50

2

0
0.50

0.625

0.375

0.688

0.625

0.375

0.750

0.625

0.375

0.750

0

* STD – Standard
** XS – Extra Strong
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Various standards such as API 5L, DIN 17172, EN 10208-2, ISO 3183-2 also specify
standard chemical composition of weldments for different high strength line pipe steels to meet
the specified requirements for oil and gas transportation [7, 8]. The yield strength values are
specified to be around 480 MPa for X70 grade to 550 MPa for X80 grade [26]. The weldments are
purposely produced with low carbon equivalent (CE) with carbon content less than 0.1% and also
the low content of certain other minerals like manganese (< 1.96%), silicon (< 0.50%) and sulfur
in all-around clean steel. Lower sulfur content is preferred as sulfur’s higher affinity towards
manganese in forming MnS inclusions that normally appear in the shape of long chains or
dendrites, which upon hot rolling, elongate the steel causing cracking. Cracking, in fact, happens
due to the creation of voids at the particle-matrix interface when the steel strips are bent to form
pipes and the MnS inclusions exist parallel to the bending axis. Lower sulfur content can be
influenced with the percent of oxygen in the steel, maintaining low oxygen content aids sustaining
lower sulfur level, and to a lesser degree on the Mn/S ratio [8].
Table 1.3 represents the chemical composition and mechanical properties of grade steels
designated as X series above 60 [6]. These grades are produced in heavy plates or hot strips and
welded into pipes by longitudinal weldings such as seam submerged-arc welding (SAW), electric
resistance welding (ERW) or spiral welding. Companies which use SAW method prefer niobium
and titanium as microalloying elements instead of a combination of vanadium and niobium even
though the final product results with the higher amount of manganese in the material which differs
from X-70 grade. Spiral welding method can be used for small-scale welding of hot strips. It
provides high versatility because just by changing the forming angle several diameter sized pipes
can be shaped from the same strip width. This is simple and economical compared to other
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conventional welding methods which qualify to grow the interest for hot-rolled spiral-welded line
pipe.
On the contrary, due to their anisotropy and depletion in strength after forming, large-scale
spiral welding has not been sufficiently exploited [17-19]. The interest is to have higher yield
strength along the circumference of the weld as the strength lies approximately at 45o to the steel
rolling direction as it experiences the highest load than any other orientation. Because of this
reason, yield anisotropy from hoop stress is a serious problem as it may not withstand the load
[20]. Hence, a thorough understanding of the composition, alloying elements, processing
parameters, microstructure and welding restrictions of microalloyed steels is mandatory.
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Table 1.3. Chemical composition (wt. %) and mechanical properties of typical API 5L seamless
steel pipe [6].
Strength
API
C
Grade max

Mn P
max max

S
max

Nb+V+Ti

YS/UTS Elongation**
ratio
(min.)
(max)
YS
TS
(MPa) (MPa)

A

0.22

0.9

0.03

0.03

-

B

0.26

1.2

0.03

0.03

0.15*

X60

0.26

1.4

0.03

0.03

0.15

X65

0.28

1.4

0.03

0.03

0.15

450

535

0.93

18 %

X70

0.28

1.4

0.03

0.03

0.15

485

570

0.93

17 %

X80

0.22

1.85 0.025 0.015

0.15

555

625

0.93

20 %

Note, YS – Yield Strength, TS – Tensile Strength.
*Unless otherwise agreed Nb=V<0.06%, Nb+ Ti+ V < 0.15%.
**API 5L elongation figures vary with specimen dimensions. Values are shown for 0.2 sq. in.
specimen.
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For further enhancing the strength and toughness, the optimized microstructure of the line
pipe steel assumes importance. Appropriate handling of steel making along with thermomechanical controlled processing (TMCP) assists in achieving the much-needed standard
microstructure. This process offers a variety of parameters to be played with, deciding the accuracy
of the phases that is achieved finally. Many of such parameters are changing the temperature prior
to stress, altering the reduction in thickness during hot-rolling, variable finish rolling temperatures,
maintaining coolant level and temperature of the coolant, different exit, and coiling temperatures,
and so forth [14-16]. Apart from these, microstructures are also governed by suitable design of
chemical composition like the addition of micro-alloying elements. In the past few decades, while
several studies have been made on TMCP and the relative microstructure and surface texture [913], virtually no studies have been done on the finish coiling and interrupted cooling treatments,
which may merit attention. Hence, the current study focusses on changes in coiling temperature to
get the strength required and also to focus on altering the cooling temperatures while comparing it
with conventional cooling strategies.
Previously, reducing the carbon equivalent was discussed, and it is achieved by reducing
the alloying elements, but certain alloying elements such as chromium, copper, and nickel are
found handy in severe corrosive environments. Therefore, judicious selection of alloys is necessary
to obtain a beneficial effect on mechanical properties with a concomitant reduction in alloying
cost. However, desired and optimum microstructure requirement of the steel must be met, be it the
sharpness of the ferritic texture or the bands of acicular ferrite or bainite or clusters of polygonal
ferrites. As these phases inherit the parent phase, austenite, considering the fact that prior austenite
grains are much more significant, undoubtedly, all other parameters must revolve around
stabilization of austenite [27].
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Upon cooling, austenite gives rise to a bainitic microstructure which is a much stronger
phase compared to typical ferrite microstructure. Fine grains of bainite can be achieved through
thermo-mechanical controlled processing (TMCP) with the presence of refined prior austenite
grains. Refining is the result of the addition of niobium as niobium combines with the carbon and
nitrogen in the matrix and form niobium carbonitride precipitates (Nb(C,N)). The precipitates are
formed around the substructures, the nucleation sites inside the undeformed austenite phase,
coupled with austenite recrystallization during the hot rolling stage. If sufficient amounts of
precipitates nucleated prior to recrystallization, they tend to pin the substructures and hinder
recrystallization of austenite. Besides, refined grain structure also allows the high strengthtoughness combination to be achieved [7]. This is because fine austenite grains, substructure, and
dislocations in austenite effectively promote the transformation to fine ferrite or bainite [14-16].
Therefore it assumes importance in studying the formation of ferrite and bainitic microstructure,
the degree of dislocation density in both phases, the amount of precipitation of Nb(C,N) in the
matrix and the relationship between solid solution strengthening and mechanical property of the
line pipe steel.
Optical microscopy and scanning electron microscopy (SEM) are used to evaluate overall
microstructural characterization while, substructure and dislocation distribution are examined
through transmission electron microscopy (TEM), an advanced characterization technique.
The thesis continues with a description of the evolution of line pipe grades, chemical
compositions, the importance of alloying elements, hot rolling processing, and TMCP parameters,
microstructure, precipitation effect and their influence on mechanical properties, as a review of
literature in Chapter 2. In the third chapter, the experimental techniques and materials used in this
work are described.
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CHAPTER 2: LITERATURE REVIEW
2.1

High strength low alloy (HSLA) steel
Microalloyed steel, originally termed High Strength Low Alloy (HSLA) steel is a specific

group of steels with low alloys [28]. It was developed to get higher mechanical properties and
greater corrosion resistance than the conventional steels. Strengthening mechanisms of HSLA
steels include grain refinement of austenite and ferrite grains, nucleation of precipitates, size and
distribution, which includes uniformity and distance between two precipitates, dislocation
substructure in the grains, strain aging (dislocation density), solid solution depending on the
elements added such as manganese [29-31].
At the initial stages of research, it was found that the addition of vanadium increased the
strength of normalized steels and addition of niobium increased the strength of hot-rolled carbonmanganese steels [32,33]. However, soon it was found that the toughness of the steel depletes
because of the precipitation hardening by vanadium and niobium carbides [34], which was later
rectified with the addition of manganese to a higher level [35-37]. The discovery of retarding
austenite recrystallization through niobium addition became the foundation for controlled rolling
and thermomechanical processing in large-scale productions [38].
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2.2

Classification of high strength low alloy steel
HSLA steels are generally classified based on the applications and the process methods.

Although this study focusses completely on one particular category known as the microalloyed
steel, it is legit to mention a few other groups. However, firstly, microalloyed steels as the name
suggests is made by adding alloying elements such as niobium, titanium, and vanadium in smaller
portions. These elements help strengthen the steel through grain refinement and precipitation
hardening. Another specific group of HSLA steels is produced only for improving corrosion
resistance, they are known as weathering steels [39]. These steels find themselves useful in
corrosive environments. One other group is known as the control-rolled steel as they are subjected
to austenite recrystallization during cooling to transform into highly deformed and equiaxed ferrite.
In the same category, a sub-group of steel is a low carbon content steel which gives rise to pearlite
free microstructure; this steel also has fine-grained ferrite structure obtained through the
precipitation hardening process. The final category consists of two different classifications,
acicular ferrite steels, and dual-phase steels. They are distinguished by the microstructure obtained
after the final stage of processing, the former group of steel is comprised of very fine acicular
ferrite microstructure whereas the latter has uniformly distributed ferrite and martensite
microstructure. Acicular ferrite has higher strength than a typical ferritic phase. Therefore the
hardenability of the acicular ferrite steel is higher compared to the dual-phase. Martensite phase is
much stronger than acicular ferrite. Hence the tensile strength is higher, but the yield strength is
compromised [40].
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2.3

Evolution of line-pipe grade steels
In the late 1800s, structural steels were generally carbon-manganese type with higher

carbon content. Till the 1940s, there was no problem in construction as riveting was used as the
means of joining. However, later when welding was introduced problem aroused by the failure of
the bridge (Melbourne king Street Bridge). By utilizing microalloy steels, these welding problems
were greatly reduced. Survey on when the first national steel standard gave diverse results, some
say that the first microalloy addition was BS 968 in 1962[41].
Thus, carbon equivalent value (CEV) was greatly reduced resulting in increased strength
(Figure 2.1). Other reports say that the first use of microalloying techniques in line pipe steels
occurred in Europe (Mannesmann) in normalized API Grade X-52 vanadium grades around
1952.
Since then the demand for the line pipe and the number of pipe manufacturers have been
drastically increased. Several developing approaches and different processing methods were
invented and commercialized for easier production and improved the quality of steels. Welding
methods also went through several transitions and recently longitudinally welded large-diameter
line pipe has been found to be useful for the oil and gas transportation. This particular welding has
proven to be more cost-effective and offered the highest safety in pipeline operation. From the
perspective of pipeline economy, the line pipe must react positively to laying in the field and
should be feasible in high operating pressures. These prerequisites infer that the pipeline steel
needs to have high quality and strength with optimized geometry.
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Figure 2.1. Evolution of structural steels standard BS 968 due to microalloying [41].
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Figure 2.2 shows the advancement of high strength steels [41]. In the seventies, the hot
rolling and normalizing were replaced by thermomechanical rolling. This procedure empowers
steels that are microalloyed with niobium and vanadium and have a lessened carbon content. An
enhanced processing method, comprising of thermomechanical rolling in addition to consequent
accelerated cooling, developed in the eighties. By this technique, it has turned out to be conceivable
to deliver higher strength materials like X80, having a further reduced carbon content and
subsequently excellent field weldability. Further additions such as molybdenum, copper, and
nickel provide extra strength to rise to the grade X100, along with the thermomechanical rolling
and accelerated cooling.
In the worldly production of about 8 million tonnes of line pipe, the major part of it
comprises of pipe in standard material grade. The huge test to the linepipe makers is presented by
the activities that must be executed by methods of unique efforts and measures; that implies highquality steels with superior strength, offshore, hydrogen induced cracking (HIC) resistance.
High-strength pipe grades such as X70 and X80 are currently being utilized in the
development of long-distance pipelines, whereas grades such as X90 and X100 are as of now being
assessed. Having investigated the main part of the supplies in shallow waters, the boring actions
and thus pipeline establishments are being moved into progressively deep waters. For example, a
seaward pipeline has been installed at a depth of in excess of 2000 m. The pipe utilized in the
development of this pipeline shares next to no for all intents and purpose with the pipe utilized in
the development of onshore gas transmission pipelines. Also, great resistance against harsh gas is
required for the pipes.
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Figure 2.2. The development of high strength steels [41].
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In retrospect, the carbon content was still relatively high since carbon contents have
steadily decreased, as strengths have increased and larger amounts of microalloying elements have
become necessary. The current limit on the combined microalloying content (Nb+V+Ti) for steels
with yield strength > 60 ksi is 0.15 percent.
Despite the considerable amount of research on X-100 and X-120 steels since 1985 and
1998 respectively pipes with strengths above 80 ksi have yet to see commercial service in
pipelines, even though they have been incorporated into the latest revisions of International
specifications. Small quantities of X-100 line pipe have been installed in the Trans Canada System
to demonstrate construction feasibility, but the pipe nevertheless is operating at relatively low
stress (0.60 SMYS) relative to its real capability [25].
The metallurgy of X-90 to X-120 line pipe is based on very low carbon microalloyed steels,
additionally alloyed with molybdenum, chromium, nickel, copper and occasionally boron,
combined with elegant TMCP cooling practices, Figures 2 . 4 & 2 . 5. Some of these concepts
have been adopted in second generation X-70 and X-80 steels.
Sequential technical demands for improved linepipe referenced in Table eventually led to
dramatic improvements in steel cleanness, reduction in impurities such as phosphorus and sulfur,
as well as reduced nitrogen and hydrogen contents. These developments occurred very rapidly in
the 1970s and 1980s especially in Japan and were similarly adopted in Europe [25].
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Figure 2.3. Linepipe grade evolution from the 50s.
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Figure 2.4. Four processing methods utilized in TMCP, conventional ACC, intensified ACC and
intensified ACC with low FCT or normal coiling, and their characteristics in control of
microstructures concerning a CCT diagram [25].
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Figure 2.5. The relation between Pcm value and tensile strength for various cooling methods [25].
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Early lower strength steels had very poor toughness from both a fracture energy absorption
and impact transition temperature viewpoint. In the mid to late 1960’s the benefits of low finish
rolling temperatures were discovered, and thermomechanical processing was quickly introduced
on a broad scale. Simultaneously, lower carbon contents were introduced, which were stimulated
both from an alloy design perspective, to aid niobium carbide solubility, and from an end user
(specification) initiative to improve field weldability.

Date

Event

Industry Reaction

Discovery of ductile-brittle transition in
1943

Introduction of 15 ft-lb CVN energy
requirement into specifications for

carbon steels.

ship plate.
Above characteristics considered relevant

TÜV introduced 3.5 mkg/cm2

to pipelines.

energy requirement for pipelines.

Brittle fracture propagation of 13 km in

Development of Battelle drop

NPS

weight tear test (BDWTT).

1954

1960

30 pipeline.

Introduction of minimum Charpy

Propagating ductile fracture in non-brittle,
1968-69

energy requirements based on
supposedly crack resistant, material.
various fracture models.

Steel development frenzy centered
Proposed construction of Alaskan/
1970

on X-80 (551 MPa) and - 69°C (Canadian gas pipelines (CAGSL)
90°F) toughness requirements.

24

HIC failure in X-65 BP pipeline in

Introduction of BP test

Ummshaif (Arabian) Gulf.

(NACE TM-02-84).

Unpredictable fracture arrest in full scale

Introduction of crack arrestors,

(CAGSL) tests. Attributed to rich gas,

improved fracture arrest modeling

separations, high hoop stress, and faulty

and revision of rolling ideas for high

models.

strength line pipe.

1972

1974

Better metallurgical (hardness)
Stress corrosion cracking failures in newly
controls and improved external
1978

installed Australian and Canadian
coatings. Improved operating
pipelines.
practices.
Molybdenum "shortage" and price

Mo designed out of X-70 steels. Nb-

escalation.

Cr design introduced plus TMCP.

1978

Vanadium eliminated from many
1988-89

Vanadium price increase to $50/kilo

sheets of steel. Mo and Cr +
TMCP substituted.
Very heavy wall thickness (44 mm)

1990

Development of deepwater oil and gas

collapse-resistant DSAW linepipe

reserves and design of Oman-India and

developed for pipelines and TLP

the Black Sea pipeline.

tendons as well as high strength (80
ksi) seamless risers.
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Ultra-high strength (135 ksi UTS)
Need for very high-pressure systems for

steels considered and composite

Arctic developments in remote areas.

reinforcement of conventional steels

1997

introduced.
Better characterization of material
Limit state, strain-based designs
1998

behavior and the influence of the
introduced.
manufacturing process and coating.

Nb-Cr type steels redeveloped to
2005-

Very large vanadium and molybdenum

eliminate molybdenum and

2008

price increase.

vanadium, especially in China and
USA.

Gaseous petrol is an undeniably alluring vitality source; in any case, significant reserves
are frequently remotely situated from potential markets. With increasing working pressures, thin
wall pipes with higher strengths are desired to decrease gas transmission costs; however
conventional steels normally lack such required strength. To address these difficulties, a huge
development in steel making and plate fabrication method is essential.
In the course of recent years, the pattern toward expanded transportation productivity has
to a great extent been accomplished by expanding the diameter of pipelines. Recently, extensive
frameworks that are introduced ashore comprise of 1420 mm (56 in.) diameter pipe working at
high pressures in the range of 1015-1450 psi. In such cases, the pipelines are commonly built from
standard API X65 or X70 grades. At present, the most noteworthy quality line pipe that has been
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connected in adequate amounts to be viewed commercial is the API X80 grade, which has an
optimum yield strength of 560 MPa.
The commercial evolution of high strength line pipe technology is shown in Figure 2.1.
Historically the linepipe industry has been introducing higher grades at the rate of about 69 MPa
(10 ksi)/decade (Tamehiro and Chino, 1991). The highest-grade line pipe in commercial
development today is X100, consistent with historical trends. In 1993 ExxonMobil embarked on
accelerated development of X120 linepipe technology. To bring X120 to commercial readiness,
ExxonMobil combined its technical expertise in metallurgy and materials engineering with the
metallurgical and manufacturing expertise of two steel companies, Nippon Steel Corporation
(NSC) and Sumitomo Metal Industries (SMI).

2.4

Target development and microstructure design
The development targets were set to produce a specified minimum yield stress (SMYS) of

827 MPa (120 ksi) in base pipe and adequate fracture toughness for crack initiation resistance
(Table 1). The initial properties that were targeted for X120 were meant for dry gas transportation
and stress-based design with wall thickness up to 20 mm [84].
A base pipe Charpy toughness target was set for running the ductile crack arrest capability.
After extrapolation of several crack arrest models, Papka et al., (2003), could establish a CVN
toughness of 231J. The DBTT target was set to ensure upper shelf fracture behavior down to 20°C. The metallurgical challenge for the development of X120 line pipe was to increase strength,
generate sufficient fracture toughness and provide adequate weldability (Fairchild et al., 2002). An
integrated design approach as detailed in the following sections was adopted to meet the
challenges. Providing adequate weldability and weldment integrity is a key challenge in the
successful development of high strength line pipe technology.
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2.4.1 Key attributes of weldability implied for developing X120 line pipes
Weldability for X120 linepipe implies the following three key attributes
1.

Sufficient strength in the heat affected zones (HAZ), particularly in the seam weld
HAZ,

2.

Adequate crack initiation toughness in the HAZ, and

3.

Resistance to hydrogen (cold) cracking in the HAZ, particularly in the girth weld
HAZ.

To afford these attributes, in addition to the property targets of listed in Table 1, HAZ
softening must be minimized to be less than 15% and more preferably to be less than 10% versus
that of the base plate/pipe. A low carbon chemistry design, < 0.1 wt% C, is necessary to provide
hydrogen cracking resistance for the high strength steel under a variety of welding conditions
(Graville, 1976). To make X120 pipeline more economical and commercially attractive, it
becomes necessary that the gain in strength not entail a cost penalty on a normalized basis with
respect to strength.

2.4.2 X-120 microstructure design
Cost Consideration Microstructure design without expensive alloying should be the core
of the X120 development process. Hence, the obvious goal of the X120 development is to achieve
the required microstructure with a low cost, lean chemistry using the capabilities of existing steel
and pipe manufacturing facilities at Nippon Steel & Sumitomo Metal Corporation (NSC and SMI).
To provide manufacturing flexibility and minimize rejects, the X120 designing is sufficiently
geared to achieving target properties over a range of steel chemistry and processing windows.

28

2.4.3 Key metallurgical factors
Plate strength and toughness:
As is well known in the literature, nearly all strengthening approaches have been shown to
lead to a deterioration of cleavage fracture resistance, however, with the exception of the
strengthening approach by grain size refinement. The following modified Hall-Petch and CottrellPetch relationships show the yield strength and Charpy-V-Notch (CVN) DBTT, VTrs, as a
function of common strengthening approaches in structural steels.

VTrs = F (σ0 + σS + σD + σP) - σy ′ D-1/2

σ = σ0 + σS + σD + σP + σy D-1/2
Where,
σ0: Lattice friction strengthening, σS: Solid solution strengthening, σD: Dislocation strengthening,
σP: Precipitation strengthening
"D" is the effective grain size or facet size for cleavage. In most ferritic steels, D
corresponds to the mean grain size. However, in steels with more complex microstructures, it has
been found that mean "domain" size, wherein the adjacent domains are characterized by crystal
orientations that are at least 10° apart, more aptly describes the microstructural parameter for D.
As schematically illustrated in Figure 2.6, the overall design philosophy is to produce the
target DBTT with upper shelf energy at high strength, by installing a high toughness microstructure
within the ultra-fine domains. Pickering (1977) suggested that the key component of the design
was to minimize the lattice friction and solid solution strengthening (equation 1) from interstitial
alloying, by minimizing the concentration of C and N in the steel.
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Consistent with achieving the target strength, good weldability, and low cost, strengthening
from a high density of dislocations (> 1012/cm2) assumes primary importance in addition to the
further strengthening provided by interfaces from the highly refined domains. Secondary
strengthening from fine precipitates may provide some flexibility for strength and toughness tradeoff. These attributes necessitate careful design of steel chemistry in addition to processing for
attaining shear dominated austenite phase transformations, such as lower bainite and lath
martensite.
In the case of lath martensite and sometimes lower bainite microstructures, D corresponds
to the packet size and not on the prior austenite grain size or thickness of the austenite pancake in
controlled rolled steels (Brozzo et al., 1977). Figure 2.6 illustrates the relationship between a
recrystallized austenite grain that is pancaked during controlled rolling, and the resultant
bainite/lath martensite microstructures that form upon rapid cooling to room temperature. To
achieve a DBTT of at least -50°C at yield strength of 827 MPa without expensive nickel alloying,
it has been determined that the mean domain size should be lesser than 2 µm. Results have also
shown that to provide the target domain size; it is necessary to produce an austenite pancake with
the thickness of around 6 µm. Therefore, suitable control of austenite recrystallization and
pancaking as well as accelerated cooling or quenching during TMCP processing are important in
achieving the target microstructure.
The dislocated lath martensite (and auto-tempered lath martensite formed by the
temperature difference in the hot stand) along with the lower bainite microstructures provide the
small domain size and high dislocation density essential to meet the target DBTT and strength.
X120 strength requires both lower bainite and lath martensite microstructures comprising at least
50 volume percentages of these phases. However, to provide the higher Charpy toughness, it has
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been identified that a microstructure comprised of lower bainite or any other stronger phase as the
predominant constituent is preferred.
Double submerged arc welding (DSAW) is the typical seam welding process used for line
pipe manufacturing. Heat inputs, as much as 5 kJ/mm, are preferred from the point of view of
welding productivity and also to avoid any defects of hydrogen cracks. These high heat inputs
create a large HAZ and critical cooling rates from 800 °C to 500 °C in less than 20°C/sec. This
contrasts with the typical cooling rates of higher than 25°C/sec for base plate processing to produce
shear dominant microstructures. On the other hand, for field welding, low heat input of less than
1.0 kJ/mm is required for processes such as gas metal arc welding, as well as low preheats of less
than about 100°C are preferred as suggested by Fairchild et al., 2003.
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Figure 2.6. The relationship of domains to austenite pancakes and grains in the bainitic/martensitic
microstructure.
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From this understanding, the main key challenges for X120 base plate development are to
produce adequate seam weld HAZ strength and toughness. Designing against an unacceptable soft
seam weld HAZ, generally softening less than 15%, but more preferably less than 10% of the base
plate hardness is obligatory. Figure 2.7 shows a schematic microhardness profile across a joint
weldment explaining the severity of softening if plate metallurgy and heat input are not optimized.
It has been found that the characterization of HAZ softening should be performed with low loads
of about 100g and, 500g when performing microhardness testing, such as Vickers which uses a
diamond pyramid indenter, across all regions of the HAZ, particularly near the fusion line (FL). It
is cautioned that the upper bainite (UB) microstructure should be avoided near FL HAZ for the
reasons that UB softens as well as embrittles the HAZ due to its continuous, brittle cementite
platelets and coarse domains (Rao and Thomas, 1980).
Excessive softening is another thing that should be avoided. Temper resistance is necessary
to shun the excessive softening, in the subcritical tempered regions of the HAZ near the base metal.
These considerations require the plate chemistry design to be capable of restoring the
microstructure in the seam HAZ under sluggish cooling. Carbon and other alloying, especially the
level of inclusion of Mn, should be optimized for achieving adequate hardenability and HAZ
properties. B-added chemistries are particularly suitable for providing the required HAZ
hardenability. For grain coarsening and temper resistance, microalloying with Ti-Nb-V is
implemented.
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Figure 2.7. Schematic of HAZ softening in the seam weld in high strength line pipe with
conventional heat input.
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2.5

Importance of alloying elements
The microalloying elements such as niobium, vanadium, and titanium were added

individually, in amounts as low as 0.005 to 0.010 percent in earlier steelmaking, but later in
combination also as the strength was found to be increased and this metallurgical approach became
more refined later.
The predominant melting method at those earlier times was the Siemens-Martin Open
Hearth Process, where the steels were ingot cast, typically semi-killed, and then usually
normalized. Over time, this manufacturing method has intensely changed. Carbon content was
reduced, the steel was fully killed, and are now continuously cast then they are converted to plate
and coil using complex thermomechanical controlled processing (TMCP) regimes. Through this
revolution, the rolling mill has developed as a refined metallurgical tool.
Microalloying was first introduced in ship plate, reinforcing bar, bridge steels, beams, and
heat-treated forgings and was introduced into line pipe steels around 1959. However, the
intensifying technological demands of high-pressure pipeline methods can be credited with the
swift evolution of HSLA technology since then.
The reason for maintaining the level of carbon is critical for optimizing microstructure and
mechanical properties. Carbon efficiently lowers the transformation temperature and the location
of carbon atoms in solution or as precipitates, usually determines the transformed microstructure.
It helps to increase the hardenability, lowers weldability and raises impact transition temperature
and useful resistance to corrosion. It is found that carbon also affects the mechanical properties by
forming carbides. Through microalloying, large carbides provide crack initiation sites, although
ultra-fine carbides help improve toughness if they help refine the structure [48]. So to summarize,
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the addition of carbon increases the strength and hardenability of the steel, at the expense of
ductility and weldability.
Addition of manganese promotes the solid solution strengthening and grain refinement by
lowering the austenite-ferrite (γ-α) transformation temperature (Ar3). The number of microphases
increases with an increase in carbon and manganese contents. For low alloy contents, the
microphases are found to be evenly distributed in the microstructure, and by increasing the Mn
content in such alloys, the microphases (such as acicular ferrite) are reported to be segregated [44].
The addition of manganese delays the precipitation of titanium and niobium and intensifies the
solubility of niobium carbides by decreasing the diffusivity of niobium in austenite. It also helps
combine with sulfur to form MnS and reduces the risk of solidification cracking [45].
Silicon can also be added for de-oxidation purposes. It provides a strong, solid solution
strengthening to the matrix and also has a detrimental effect on both base steel and heat affected
zone (HAZ) toughness. Si and C content must be kept low to minimize the amount of the
martensite-austenite constituent (M/A). However, it was also reported that the addition of Si in
high concentrations (more than 1 wt. %) increases toughness in bainitic steels [46]. Si has poor
solubility in cementite and retards its precipitation.
Molybdenum exerts a vigorous effect on hardenability when it is dissolved in austenite.
Mo is found to shift the pearlite transformation line of CCT to its right and to accelerate the
formation of low transformation products, such as acicular ferrite and bainite, with increased
dislocation density [47]. Mo is also found to contribute to the refining of the microstructures and
decrease the sensitivity to the variations in the cooling rate. Furthermore, Mo is capable of
increasing the solubility of Nb in the austenite and helps in fostering the precipitation of fine
NbC/Nb(C,N) in the ferrite region resulting in effective precipitation strengthening the effect. It is
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also believed that Mo can increase the carbide nucleation sites resulting in the formation of fine
and concentrated carbides.
Chromium, copper, and nickel provide solid solution strengthening to the matrix and can
improve resistance to HIC and SCC. Just by adding a small amount of Ni (<0.5 wt.%),
improvement in the low-temperature toughness properties can be witnessed by reducing the DBTT
temperature and favors formation of acicular ferrite. The report suggests that Ni, when added in
little higher quantity (greater than ~1 wt.%), can restrain the acicular ferrite formation and
deteriorate the low-temperature toughness and weldability [48]. Copper is recommended to be a
useful grain refiner, solid solution and precipitation strengthener by a group of researchers [49]. It
is also reported that there is an increase in strength in Cu-bearing steels through age hardening and
promotes toughness and corrosion resistance.
Nitrogen, phosphorus, and sulfur have found to be detrimental for the steel regarding
corrosion resistance and increase the tendency of the material to crack during welding. Presence
of large TiN precipitates is promoted by increased N content, together with the presence of
elongated MnS inclusions and phosphorous segregations can be a susceptible nucleation site for
crack initiation and strongly reduce the ductility of the steel.

2.5.1 Addition of vanadium
The Swedish scientist and doctor Nils Gabriel Sefström discovered Vanadium in 1830. In
his investigations of ductile iron produced from the iron ore of the Taberg mine, he obtained a
residue which he suspected and confirmed that it contained a compound with a previously
unknown element, vanadium. Meanwhile, Sefström’s master, the well known Swedish scientific
expert Jöns Jacob Berzelius, appreciated the new element. He declared Sefström’s discovery
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globally and furthermore initiated a vast research program on vanadium salts. Sefström’s and
Berzelius’ work was, in any case, limited to chemical investigations of a countless number of
vanadium compounds. It was just approximately 30 years after the fact that vanadium was declared
as a separate metal due to amazing work by the English chemist, Sir Henry Roscoe.
The early utilization of vanadium was as a chemical compound and depended on the
examinations by Sefström, Berzelius, and Roscoe. Examples of early utilization of vanadium
compound are black shading of ink and settling aniline black colors for fabrics. The capacity of
vanadium salts as an impetus for some chemical reactions was found around the 1900s in Germany
and has turned into the most imperative use of vanadium as a synthetic.
When the new century rolled over the innovation of process metallurgy had grown with
the end goal that commercial amounts of ferroalloys could be delivered. In order to exploit every
opportunity for vanadium as an alloying element in steel the very first production unit was set up
in South Wales, Great Britain, and the task was given to Professor Arnold of Sheffield College to
research the effects of vanadium alloying in different steels.
Arnold’s examination along with the concentration in steelworks in the Sheffield
neighborhood established the framework for the entire scope of the tool and die steels, from highspeed steels to cold work die steels and somewhat extended to hot work die steels too.
Subsequently, in these applications, the hardness of vanadium carbide (VC) and its stability at high
temperatures had a basic impact. The significance of V-alloying in tool steels has not decreased
with time. The advancement of new processing technologies, particularly powder metallurgy, has
made it conceivable to expand the hard phase content in high speed and cold work steels
impressively. Hence, lately, the usage of V in tool steels has rather increased.

38

The application of vanadium dates back to the early 20th century where countries like
France and England recognized the usefulness of V in engineering steels. They reported a
considerable increase in the strength in carbon steels when vanadium was added as an alloying
element. The quenching and tempering of steel gave results that were astonishing whereas
countries such as in the U.S. the addition of vanadium was reported to be an accidental beginning
in the automotive sector while researching in achieving improvements. It is believed that that
originally came from Henry Ford, as he watched a motor car race in which a French car crashed.
He analyzed the disaster area in the car and found a crankshaft produced from Swedish iron that
endured less harm than anticipated. After examination in his research facilities, it was accounted
for that the steel contained small amounts of vanadium. Subsequently, Ford offered guidelines to
utilize V-steels in important components in Ford vehicles so as to more readily resist shock and
fatigue on American streets.’ Around then, a comprehension of the advantageous impact of
vanadium was absent. With the present learning, we can certainly conclude that the detected
reinforcing was because of fine precipitation of VC (vanadium-carbonitrides) during cooling. The
enhanced effect of resistance was because of the refined grain size by V-nitrides resulting from
grain growth hindrance at the quenching or normalizing temperature.
Other important applications of alloying vanadium, developed during the first two-thirds
of the 20th century, were used in high-temperature power plant steels, rail steels, and in the
production of cast iron. Today, vanadium is added as microalloying element in high strength low
alloy (HSLA) structural steels.
Besides its application in alloying of steel and vanadium is an essential alloying addition
in Ti-alloys for aircraft and aerospace applications. Although V-base alloys have no important
application as structural materials, it has been used in the nuclear breeder reactors because of their
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nuclear, physical and high temperature mechanical and corrosive properties and is considered for
future fusion reactors.

2.5.2 Statistics on the use of vanadium
The quantum of world consumption of vanadium was during 1999 somewhere around
34000 tonnes per annum, of which 28000 tonnes alone was used in the Western world. The
predominant application of vanadium goes to alloying of steel and cast iron. It amounts to about
85 % of the total consumption, a segment that appears rather constant over time. The remaining
part goes to the chemical industry and also for alloying with titanium. Worldwide about 65% of
the vanadium is used in the sector of microalloyed structural steels, while the remaining 35% is
used in V-alloyed steels, such as high-speed tools steels, high-temperature low alloy steels and so
on.
The above data on the usage of vanadium ensures that the utilization of vanadium and the
production of steel are robustly interrelated. World steel production over the last 15 years since
2000 (World Steel Association, 2017) has seen tremendous growth of CAGR of 9 % in the first 8
years (2000-2008) and 5 % in the second 7 years (2008-2015) consequently resulted in a similar
constant consumption of vanadium, at a level of 0.04 kg per tonne steel produced. However, since
the early 90s this level has increased to about 0.05 kg, most probably reflecting an improved use
of V-microalloyed structural steels.

2.5.3 Addition of titanium
It is well known that the strengthening mechanisms for microalloyed steels include grain
refinement strengthening, solid solution strengthening, precipitation hardening, and dislocation
hardening. If the microstructures are basically the same for these steels, grain refine strengthening
40

has no significant difference and so the solid solution strengthening should also be same because
of the same chemical compositions except for the Ti content. In addition, dislocation strengthening
for the steels should be basically the same due to the similar rolling and cooling technology.
Therefore, the difference of strength among the steels should be caused only by precipitation
hardening. The main role of titanium in modern HSLA Steels is that of maintaining a fine grain
size at high temperatures in the austenite range, for example during reheating before rolling and in
the heat affected zone of weldments. Titanium is usually combined with vanadium and niobium
as is the case with a recently developed vanadium-titanium steel designed to give grain refinement
during hot rolling without the need to control to low finish rolling temperatures.

2.5.4 Addition of niobium
Standard niobium is available in ferroalloy form. It is accessible from standard ferroniobium (Fe-Nb) which contains up to 60 % Nb or high purity Fe-Nb containing 62 – 68 % Nb,
plus an addition of 1 – 3 % max aluminum, 0.2 – 3 % max silicon, 2 % max titanium, 0.1 % max
carbon. After the addition of silicon and aluminum into the steel ladle, Fe-Nb is added along with
or after manganese. Niobium reduces the rate of recrystallization of austenite during hot rolling
and is utilized in the controlled rolling of HSLA steel during hot rolling to improve the grain
refinement. It has a major effect on transformation which can cause the formation of a brittle
microstructure. Since close control over processing is required, this is normally practiced in the
plate and hot strip rolling halls. Thus, niobium has become an important addition to controlled
rolled line-pipe steels often in conjunction with the other microalloying elements.
Major changes have taken place in the Nb bearing steel products over the past 20 years.
First, ferrite-pearlite microstructures cannot readily exceed yield strength levels of about 400 MPa
in reasonable section sizes, and low carbon contents, the requirement for higher strength levels has
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led to the development of ferritic microstructures in every product that is based on low-temperature
transformation products such as acicular ferrite and bainite or to multiphase microstructures. These
microstructures are achieved through the use of accelerated cooling, hardenability approaches, or
additions to improve both.
Addition of niobium suppresses the transformation temperature, which helps in the
formation of extremely fine acicular ferrite or bainite grains with a high density of dislocations
which contributes to the high strength and good notch toughness. Acicular ferrite and bainite
microstructures are desirable in line pipe steels for the reasons mentioned above. Maintaining
lower carbon content in the microalloyed steels are highly desired, as they assist weldability in
these high strength steels. The present phase can be further subjected to enhancement in properties
by precipitation strengthening. Extremely small amounts of niobium can form Nb-carbonitride
precipitate particles during transformation. If the carbon content is very low, fine grain
microstructure is obtained through the reduction in the rate of recrystallization of austenite during
hot rolling. This way brittle microstructure is formed to increase the tensile strength, but the
hardenability is compromised.
Today’s pipeline designs consider all aspects of a steel’s performance, including strength,
toughness, weldability, fatigue and collapse resistance, strain tolerance, as well as environmental
degradation such as stress corrosion cracking, and resistance to sour hydrocarbons containing H2S
and CO2, whose combination of properties must be achieved at affordable prices.
Some of the technological gains and escalating end-user expectations have evolved
naturally, as competitive producers applied technology developed primarily for other steel
products, whereas other requirements may have been provoked by catastrophic and costly
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failures. The time period of interest involves the last 50 years during which dramatic changes
have taken place in steel manufacturing, plate rolling and pipe making technology.

2.6

Microalloying effects in austenite
Small amounts of titanium (~ 0.01%) is added in commercial V-microalloyed steels to

avoid excessive grain coarsening that usually happens at higher temperatures. The technical
background to the grain coarsening is that Ti reacts with the nitrogen in the steel to form a fine
dispersion of very stable TiN. For this to happen in typical HSLA plate and strip steels, the normal
levels of 0.004 – 0.015% N in basic oxygen furnace and electric arc furnace steelmaking are
adequate. In order to attain the fine TiN precipitate size for effective grain refining, accelerated
cooling is necessary for stopping the grain coarsening during the solidification of the steel in
continuous casting.
However, the precipitation of TiN may be affected by a second microalloy addition, such
as V, in various ways. Secondary micro alloys alone, especially together with the formation of a
second precipitate, may affect the grain coarsening behavior in a significant manner. Many
questions arise in the handling of Ti-bearing V-steels, which are discussed in some detail below.

2.6.1 Precipitation and dissolution of microalloy-carbonitrides in austenite
It is settled that having less than about 0.02%, Ti helps TiN precipitates to form as a fine
precipitate dispersed in the matrix right after solidification in Ti-V and Ti-Nb HSLA-steels. After
cooling, at low temperatures when the solubility of Nb(C,N) and V(C,N) has exceeded, many
experimental studies showed that these phases co-precipitate on already existing TiN-particles to
a large extent. Of course, as the driving force for carbonitriding, formation increases at lower
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temperatures in the austenite regime the probability for nucleation of new carbonitride, rich in V
or Nb and eventually pure V- or Nb-carbonitride, increases.
Figure 2.8 shows results from calculations for Ti, Ti-V, and Ti-Nb steels using the
thermodynamic database developed for microalloyed steels. The diagrams delineate the fractions
of Ti, V, and Nb in the form of nitrides at equilibrium in the austenite phase. It helps us understand
the precipitation curves for Ti, as they are the same for all the experimental steels. Consequently,
we can presume that the temperature for introductory precipitation and finish dissolution ought to
be equal for all the tested steels. Moreover, as long as all the vanadium and niobium helps in
bringing down the temperature, helps in precipitating, we should expect the density of pre-existing
TiN precipitates also to be the same in the steels. But in reality, the individual particles will grow
in size and particularly larger in the V and Nb-steels as these elements co-precipitate. However, at
lower temperatures, V and Nb-carbonitrides are expected to form as new precipitates, and indeed
this is proven experimentally. According to this reason, experimental results generally show that
larger precipitate particles that formed at high temperatures are because of Ti and so more
predominantly found in steels containing higher amounts of Ti and low in V or Nb, whereas
smaller particles formed at low temperatures are because of low amounts in Ti and high in V or
Nb. This is demonstrated in Figure 2.8 for Ti-V steel showing a gradual decline of the Ti-content
in (Ti,V) N as particle size decreases [174].
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Figure 2.8. Calculated amounts of Ti, V and Nb, precipitated as (Ti,M)N in a Ti (a), Ti+V (b) and
Ti+Nb (c) steel. GCT is the experimentally determined grain coarsening temperature of
continuously cast 220 mm slabs [174].
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2.7

Thermo-mechanical processing of line pipe steels
The TMCP schedule is illustrated in Figure 2.9, and it includes the following steps.

Reheating the steel to a selected temperature to dissolve many of the microalloyed precipitates
(with the notable exception of TiN, which may only partially dissolve) in the steel. Rough rolling
at temperatures above the no-recrystallization temperature (Tnr) to break down the austenite grains
through multiple recrystallization cycles. Finish rolling at temperatures below Tnr but above the
austenite to ferrite transformation temperature (Ar3), to produce heavily pancaked austenite.
The main purpose of thermo-mechanical controlled processing (TMCP) in microalloyed
steels is to control the morphology, structure, and grain size of austenite, i.e., austenite
conditioning so that the eventual transformation of austenite produces an optimum ferrite structure.
TMCP allow the use of sophisticated automatic process control for targeted setting and monitoring
the rolling temperatures, the percentage of deformation, cooling rate, and coiling temperatures
after hot rolling will allow an optimization of the mechanical properties such as strength,
toughness, yield ratio, corrosion resistance, and weldability. A number of physical metallurgical
events take place during the thermo-mechanical processing such as homogenization of the
austenite phase, plastic deformation, recrystallization, precipitation, and phase transformation. The
most significant steps of the TMCP are reviewed in this section.
The processing stages have a strong effect on microstructure development, which has a
direct relationship with the final mechanical properties. The formation of the deformation bands is
one of the principal features of controlled rolling. In the conventional hot rolling, ferrite grains
nucleate exclusively at the austenite-grain boundaries, whereas in the controlled rolling, the ferrite
grain nucleation occurs at both the grain interiors (on the defects) and grain boundaries. Since the
deformation band is equivalent to austenite grain boundary with regard to the ferrite nucleation,
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the austenite grain can be considered as divided into several blocks by deformation bands. This
division allows one to produce a much more refined grain structure. The second important feature
of the controlled rolling is a formation of the sub-grain structure during deformation in two-phase
region. The smaller the sub-grain size, the stronger its strengthening effect is. Thus, microstructural
engineering has the goal of quantitatively linking the operational parameters of a hot strip mill
with the mechanical properties and microstructure of the strip. The process for the thermomechanical rolling of the hot strip is shown in Figure 2.9 [59].
The thermo-mechanical process of controlled rolling makes use of an optimized rolling
schedule in which finishing passes are applied at temperatures close to Ar3, with the purpose to
obtain a substantial refinement of the austenite grain size. The processing schedule of line pipe
steel can be subdivided into three principal stages:
1. Reheating
2. Rolling (both roughing and finishing mill)
3. Cooling (water cooling in the run-out table and coiling)
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Figure 2.9. Thermo-mechanical processing stages of the hot strip and their effect on the final
mechanical properties [59].
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Thermo-mechanical controlled processing has a strong effect on both microstructures and
mechanical properties of line pipe steels. Using the experimental data, regression equations were
developed to describe the relationship between the processing parameters and mechanical
properties in X70 line pipe steels.

Yield strength (YS) = 0.508Ts − 0.231Tf − 0.334Tc + 1.905Vc + 323.6 R=0.94

(1)

Elongation (EL) = − 0.002Ts − 0.064Tf − 0.086Tc + 0.325Vc + 121.8

(2)

R=0.98

Where Ts is the start rolling temperature (°C), Tf the finish rolling temperature (°C), Tc the finish
cooling temperature (°C), Vc the cooling rate (°C/s), and R the correlation coefficient.

2.7.1 Reheating process
The main objective of the slab reheating stage is to control the starting of the austenite
grain size and to ensure the dissolution of all microalloying elements (Ti, Nb, and V). In the
reheating process, the steel is brought to a high temperature and is allowed to normalize. This
temperature is known as the soaking temperature and usually is in the range of 1150-1300 oC. This
high temperature is chosen in order to allow for the dispersion of the solutes and is also dependent
on the precipitates present in the austenite. These precipitates, which have formed in the austenite,
begin to decompose into the bulk at high temperature, allowing the austenite grains to coarsen.
Therefore, selection of the slab reheating temperature is dependent on two important parameters,
(a) dissolving large fraction of the microalloying additions, and (b) to prevent unwanted austenite
grain growth.
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Figure 2.10. Illustration of austenite grain growth characteristics containing various microalloying
additions [55].
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Figure 2.10 shows the characteristics of grain coarsening behavior of austenite during
reheating of various microalloying elements [55]. The reheating temperature is selected so as to
produce a fine and uniform austenite grain structure.
There has been an extensive amount of work on the determination of solubility limits of
NbC/Nb(CN) precipitates in austenite. These studies have yielded in excess of 28 different
solubility products to describe the solution behavior of Nb in austenite [56]. These studies also
involve a range of techniques for the determination of the solubility products, viz. thermodynamic
calculations, chemical separation, and isolation techniques, statistical treatment of existing
solubility products, atom probe analysis, etc.
Anjidan and Steve have summarized the results of these studies in detail [57]. The authors
have thoroughly investigated the solubility behavior of Nb using an atom probe measurement
technique. Results of this study reveal a solubility relationship:

log [Nb][C + (12N/14)] = 2.26 – (6700/T)

(3)

Where T is the temperature in Kelvin and [Nb], [C], and [N] are the niobium, carbon, and nitrogen
concentrations in weight percent, respectively. It is, however, reported that the solubility is also
affected by the presence of Mn and Si, and was accounted for by using Nbeff in place of Nb,
according to the following relationship [58]:

Nbeff = Nb + (Si/94) – (Mn/120)
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(4)

They also suggested that the grain coarsening temperature of austenite (TGC) is 125 oC below the
dissolution temperature of NbC (TDISS):
TGC = TDISS - 125 oC

(5)

This means that reheating below the TGC promotes the presence of a fine and uniform hot rolled
austenite grain structure while reheating above the TDISS provides the greatest potential for
precipitation in either the γ or the α during subsequent processing.
Meyer and de Boer [59] observed an increase in yield strength with the increase in the
reheating temperature of slabs in a niobium microalloyed steel up to the dissolution temperature
of Nb(CN). Niobium precipitates that get dissolved before reaching the solution temperature can
re-precipitate and cause precipitation strengthening. After the dissolution temperature is exceeded,
excessive austenite grain coarsening can lower the yield strength. Furthermore, the impact
transition temperature (ITT) increases with the increase in reheating temperature due to
precipitation hardening and austenite grain coarsening [60].
Inagaki observed an increase in the texture intensity with the decrease in reheating
temperatures [61], which also entails finer austenite grain sizes. It might arise because of the
influence of the grain size on the rolling texture through its effect on the deformation and
recrystallization textures [62]. It was also observed that the {113} <110> texture is insensitive to
a decrease in reheating temperature (or the initial austenite grain size), whereas the {332} <113>
is noticeably strengthened when the soaking temperature is decreased [61]. Yutori and Ogawa [63]
reported that decreasing the prior austenite grain size increases the intensity of {332} <113>
texture in the shear or mixed mode of transformation (martensite and bainite microstructures), but
not in the diffusion mode (polygonal ferrite and pearlite microstructures).
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2.7.2 Rough rolling in the hot mill
Roughing is where most of the plastic deformation occurs and is intended to achieve a fine
and homogeneous austenite grain structure. The grain refinement is achieved through the
deformation and recrystallization of the austenite grains. The rough rolling stage for the processing
of X60 to X80 line pipe steels is typically completed at a temperature above 1030 oC, where
recovery and recrystallization of austenite grains take place [51]. The roughing temperature
together with the amount of rolling reduction affects austenite grain size refinement, as long as
enough time is allowed to pass. The heavy reduction together with accelerated cooling promote
grain refinement and increase the volume fraction of bainitic ferrite.
Roughing stage influences the final mechanical properties of the strip to a large extent due
to its influence on recrystallization and precipitation. When the austenite is deformed, its
dislocation density is increased. Dynamic or static recovery follows with the development of subgrains within austenite [60]. Alloying elements can increase the strength of austenite as they
impede the motion of dislocation. Siciliano and Jonas [64] proposed an equation to understand the
effect of deformation strain rate and rolling temperature on the mean flow stress (MFS) of C-Mn
and microalloyed hot strip.
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Where, T is the rolling temperature (°K),
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converts flow stress to mean flow stress. A heavy reduction of 60 to 85% in total, increases the
yield strength without adversely affecting the Charpy brittle to the ductile transition temperature.

2.7.3 Finish rolling in the hot mill
The objective of the finishing stage is to accumulate rolling strain within the austenite
grains so that on subsequent ferrite transformation, ferrite nucleation sites are greatly multiplied
in number, and fine ferrite grain size will be generated after accelerated cooling. Depending on the
chemistry and final mechanical properties, finish rolling temperature (FRT) is set. The role of
finish rolling temperature on mechanical properties of the steel may be attributed to the
acceleration of transformation to ferrite and the refinement of grains by the decrease in the
finishing temperature. There are five possibilities of FRT: (a) FRT in recrystallized austenite
region (recrystallized controlled rolling), (b) FRT in unrecrystallized austenite region, (c) FRT in
the border of recrystallized and unrecrystallized region, (d) FRT in the austenite-ferrite region, and
(e) FRT in ferrite region.
The hot rolled linepipe steel processing generally involves finishing passes occurring above
the austenite transition temperature (Ar3) and below the recrystallization stop temperature (Tnr) in
order to deform the austenite grain structure. The resulting deformed austenite grains cannot
recover from the fast rolling, and the pancaked structure remains. The effect of deformation
temperature (above and below the Tnr) on austenite grain shape is schematically illustrated in
Figure 2.11.
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Tnr

Figure 2.11. Schematic figure illustrating the effect of deformation temperature (above and below
the Tnr) on austenite grain shape.
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The elongated and deformed grains produced in the finishing passes create nucleation sites
for the formation of a fine-grained ferrite structure after transformation. A high level of
deformation in the temperature domain below Tnr causes the pancake shape of the austenite
structure and the development of deformation bands in the pancake grains. These phenomena are
a function of the applied strain, strain rate, and deformation temperature.
The alloying elements present in the steel can affect the recrystallization process by
changing the Tnr and pinning the movement of crystalline defects. For example, the additions of
Nb and Ti tend to result in the formation of carbonitride precipitates at the grain boundaries,
pinning them in place. Effects such as solute drag by segregation to the grain boundaries also
govern the non-recrystallization temperature. The amount of pancaking of the austenite and ferrite
phases also significantly influence the nature and intensity of texture, either during transformation
or by the development of further deformation textures during ferrite rolling. The choice of finishing
temperature is, therefore, an important parameter in the design of controlled rolling schedules.

2.7.4 Finish rolling in recrystallized austenite
Finish rolling in the recrystallized austenite region promotes a fully recrystallized austenite
structure, which on transformation produces a recrystallized ferrite microstructure. However,
finishing above the non-recrystallization temperature generally results in a weak transformation
texture. Such recrystallization is responsible for the presence of orientations such as the {100}
<110>, which originates from the {100} <001> austenite recrystallization texture [64, 66].
In this region, grain refinement is accomplished by means of static recrystallization of the
austenite. The grain size of transformed ferrite (dα) depends on the recrystallized austenite grain
size (dγ) and cooling rate from FRT [68].
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dα

= 3.75 + 0.18 dγ + 1.4 (dT/dt)–1/2

(7)

Where dT/dt is the average cooling rate between 750–550°C in °C/s, dα the transformed ferrite
grain size in μm, and dγ the recrystallized austenite grain size in μm prior to cooling.

2.7.5 Finish rolling in non-recrystallized austenite
In the rolling practice, the surface area of the austenite grain boundaries is increased and
leads to the creation of a high density of deformation bands in the matrix. Rolling at these
temperatures produces an elongated grain structure with a high dislocation density. The high
dislocation density enhances the formation of fine ferrite grains by nucleation and growth. Thus,
ferrite nucleation occurs in the interiors of the grains as well as at the boundaries and deformation
in the unrecrystallized γ region decreases the ferrite grain size by the process pancaking of the
austenite before transformation [60].
The temperature region of non-recrystallized austenite can be extended by the addition of
microalloying elements, such as niobium. Solute microalloying elements restrict the movement of
dislocations, sub-grain boundaries, and grain boundaries. They create a solute drag effect, meaning
that the velocity of the dislocation or sub-grain boundary equals the diffusion velocity of the
alloying element. Carbide and nitride precipitates of niobium hinder the post-dynamic
recrystallization (grain coarsening) and also impose a particle drag effect on dislocations, subgrain, and grain boundaries.
It has been widely reported that the yield strength and toughness of line pipe steels increase
when the strip is processed at low finishing temperatures [52] since the decrease in finishing
temperature accelerates the γ-α transformation and refines the ferrite grain size. Figure 2.12 [68]
shows the effect of finish rolling temperature on the microstructure and mechanical properties for
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Figure 2.12. Effect of finish rolling temperature on the ferrite grain size and mechanical properties
of line pipe steels [68].
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two different hot rolling schedules. Both the tensile strength and the yield strength of the rolled
steel increases significantly with decreasing finish rolling temperature — similarly, both the
impact transition temperature and grain size decrease with lowering the finish rolling temperature
from 850 to 740 oC when tested in the longitudinal rolling direction of X70 line pipe steel. A low
finish rolling temperature can lead a high cleavage fracture stress due to its fine ferrite grain size
by heavy deformation, but the presence of elongated ferrite in the microstructure can provide a
continuous path for the cleavage fracture if the fracture surface is parallel to the rolling plane [69,
70]. Tempering helps enhance the toughness with decreasing the strength.
The main components of the texture after finish rolling in the unrecrystallized austenite
region have been identified as {332} <113> and {113} <110>, as well as the neighboring
orientations {554} <225> and {112} <110>. The rotated cube, {001} <110>, produced by rolling
in the recrystallized region may still be present. For Nb-microalloyed steels, lowering the finishing
temperature in this region results in the rotation of the {332} <113> towards {554} <225>, and
finally to {111} <110>, together with an increase in their intensities [71]. When a fixed finishing
temperature is employed, smaller reductions result in weaker textures, and the strength of the
{332} <113> component decreases compared to that of the {113} <110> orientation.
2.7.6 Finish rolling in two phase regions (γ + α)
Finish rolling in the two-phase (γ + α) region promotes the formation of deformed ferrite
(which may recover or recrystallize), soft ferrite (i.e., recrystallized ferrite), and pearlite structure.
After deformation, unrecrystallized austenite transforms into equiaxed ferrite grains, while the
deformed ferrite changes into the sub-grains. Deformation in the two-phase region strain hardens
austenite and newly formed ferrite grains. The duplex structure of soft polygonal ferrite and hard
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ferrite sub-grains obtained increases the yield and ultimate tensile strengths and decreased the
impact toughness of the steel.
The austenite grains are elongated, and the ferrite grains transformed from the austenite
become much finer during intercritical rolling. Therefore, the ferrite grains in the (γ + α) two-phase
region are also elongated during rolling and become finer after recrystallization [72]. On the other
hand, substructure appears in ferrite grains when deformation takes place in the (γ + α) two-phase
region. With an increase in reduction, the defect density in the ferrite grains becomes so high that
dynamic recovery structures finally appear in the grains. As this dynamic recovery structure is
quite stable, it is the main strengthening factor in two-phase region rolling.
The texture of line pipe steels hot rolled in the (γ + α) region is sharper than that of steels
that are finish rolled in the austenite range [73, 74]. The texture begins to develop during
deformation of the austenite. The continuation of deformation after the phase transformation starts
results in increased austenite pancaking and, if the conditions are suitable, in pancaking and then
recrystallization of the ferrite. Thus, at the end of deformation, the texture includes components
produced by the (γ + α) transformation as well as others resulting from warm rolling of the ferrite.
Thus, a structure of fine soft ferrite recovered ferrite, and pearlite will form at room
temperature after finish rolling in the intercritical region. The obtained microstructure introduces
various degrees of yield strength anisotropy due to development of <110>//RD texture [74].
Besides the variation in yield strength, through thickness embrittlement can also occur due to the
development of <001>//ND texture.
Inagaki [71], vide in his work, could make a distinction between finishing in the upper or
lower γ + α region. In Nb-V steels finished in the upper intercritical region, most of the {332}
<113> formed after the final pass. The {332} <113> component is relatively stable during rolling
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[75] so that the remainder of this component does not undergo any significant change during
intercritical rolling.

2.7.7 Accelerated cooling
A favorable combination of strength and toughness properties can be achieved by a
combination of heat treatment and accelerated cooling from the rolling heat. Tanaka [76]
experimented with accelerated cooling as an additional stage that can compensate for the
disadvantages of controlled rolling, such as mixed grain structures. During cooling, the
temperature is carefully controlled in order to achieve the desired final microstructure and
mechanical properties. Also, it is important to understand that the cooling rate affects the γ-α
transformation, as lowering the transformation temperature increases the driving force for the
nucleation of ferrite. It was reported that the shift of the transformation to lower temperatures
imply a limitation on the growth of the ferrite nuclei, leading to finer ferrite structures (e.g., bainite
and acicular ferrite) with high dislocation density [77].
The ultimate microstructure and mechanical properties, to a greater extent, are governed
by the rate of cooling. The tensile and yield strength of the steels rise as the cooling rate increases
although the variation of strength with cooling rates is smaller at higher rates than at lower ones.
The cooling rate also influences the intensity of precipitation-strengthening by altering the
transformation temperature. Fast cooling rates can prevent precipitation, intermediate cooling rates
cause maximum age-hardening, while slow cooling rates promote over-aging and decrease the
yield strength. The precipitation suppressed during fast cooling can be induced during aging [77].
Accelerated cooling affects the transformation texture through variant selection. The
sharpness and intensity of the transformation textures are dependent on the various phase
transformation products. A number of researchers have reported that the intensity of texture is
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weak when γ-α transformation mechanism is diffusional compared to shear/mixed
transformations. For instance, in Nb-microalloyed control-rolled steel, Inagaki [78] observed that
the intensity of {332} <113> transformation texture is sharp in steel with martensite and bainite
microstructure compared to steel with ferrite-pearlite microstructure.

2.7.8 Coiling temperature
Coiling temperatures (CT) of the hot strip have a significant influence on the ferrite grain
size and morphology, interlamellar spacing of pearlite, grain boundary cementite morphology, and
precipitate size. Controlling the coiling temperature is the most economical and efficient way to
improve the beneficial properties of line pipe steels. The coiling should be done after the
transformation has been completed to ensure continuous cooling conditions during transformation.
If the coiling is performed before or during the transformation, some coarsening of the grains is
found to take place.
Low coiling temperatures provide the best combination of strength and toughness via NbC
precipitation and bainite transformation. Coiling in the bainite temperature range suppresses the
pearlite formation and microstructural banding. It was also observed that an increase in the Charpy
impact toughness when low coiling temperatures are accompanied by high cooling rates, which is
shown due to the delay of the phosphorous segregations for the steels.
The relationship between precipitation strengthening and coiling temperature for both V
and Nb-microalloyed steels is illustrated in Figure 2.13 [79]. The coiling temperature associated
with the precipitation of microalloying elements, such as Nb, V, Ti, and Cu, are expected to play
a strengthening role via nanoscale precipitation. After finish rolling, a high content of interstitial
elements in solution is precipitated during the coiling process. A significant decrease in the coiling
temperature facilitates the interstitial elements to remain in solution in hot strip beside forming
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fine ferrite grains and decreases the volume fraction of precipitates, and too low a coiling
temperature (< 500 oC) results in low strength.

2.8

Microstructural development in linepipe steels
The combination of microalloying elements and TMCP influence the final microstructure

and crystallographic texture of line pipe steel. This requires a better understanding of
microstructural evolution and the relation between texture and anisotropy of the mechanical
properties.
The microstructures of line pipe steels are complicated compared to structures of
conventional hot rolling steels because of the nature of alloying and processing parameters. Studies
have shown that the relationship between microstructural features and mechanical properties in
line pipe steels [80]. Overall, the microstructural constituents include polygonal ferrite, quasipolygonal ferrite, bainitic ferrite, martensite-austenite (M/A) constituents, and, dispersions of
coarse and fine cementite particles in the ferrite matrix. M/A constituents are considered to play
an important role in obtaining a high strength–toughness combination in line pipe steels. M/A films
at the grain boundaries can be an effective barrier for dislocation motion and crack propagation. A
higher cooling rate and lower coiling temperature are the parameters that determine the formation
of non-equiaxed ferrite-based microstructure, a preferred microstructure for higher strength line
pipe steels.
For grades, lower than X65, ferrite or ferrite-pearlite microstructures with suitable grain
size can achieve the strength and toughness levels required. However, for higher grades, lower
temperature transformation microstructures (e.g., acicular ferrite and bainite) are needed to achieve
the desired balance of strength and toughness. Polygonal ferrite is the first phase to transform from
austenite on cooling over the whole range of composition and temperature. It starts to transform
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Figure 2.13. Prediction of normalized precipitation strength as a function of coiling temperature
[79].
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below the Ar3 temperature and is characterized by low dislocation densities. It nucleates at
austenite grain boundaries and grows along with those boundaries by a reconstructive
transformation. Their growth is not restricted by austenite grain boundaries. The growth of
polygonal ferrite is determined by the transfer of substitutional atoms across γ/α boundaries and of
carbon atoms by diffusion. Pearlite is a lamellar mixture of ferrite and cementite, where a pearlite
colony is a bicrystal of cementite and ferrite, growing at a common front with the austenite. The
growth follows reconstructive transformation so that the rate may be controlled by the diffusivity
of the relevant atoms. In the section that follows, the characteristics of the bainite and acicular
ferrite structures formed from pancaked austenite are studied in more detail [80].

2.8.1 Bainitic ferrite
Bainite can be obtained by isothermal transformation at all temperatures where the
formation of pearlite and polygonal ferrite is sluggish, and above the temperatures where
martensite occurs. It is a complex aggregate of ferrite and carbides with a particular morphology
described as acicular, thin ferrite laths separated by regions of untransformed austenite, martensite
or carbides formed after the growth of the ferrite lath [77]. The general microstructural definition
describes bainite as the product of the diffusional, non-cooperative, competitive ledge-wise growth
of two precipitate phases formed during eutectoid decomposition, with the minority phases
appearing in non-lamellar form. This alternate mode of eutectoid decomposition is thus
fundamentally different from the diffusional, cooperative, shared growth ledges mechanism for
the formation of pearlite [81]. Based on the processing conditions and chemistry of the line pipe
steel, the bainite microstructure is classified into many, which is described in Figure 2.14. Different
microstructures may have different contributions to the final mechanical properties.
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The external morphology of nodular bainite is not predetermined by the morphology of either of
the pro-eutectoid phases. For nodular bainite to be formed, eutectoid ferrite must have a higher
growth rate than that of pro-eutectoid ferrite, and the nucleation rate of cementite on eutectoid
boundaries must be higher than that on pro-eutectoid boundaries [82]. Columnar bainite is a
modification of nodular bainite with its external morphology affected by some microstructural
features. Granular bainite has the same mechanism of formation as that of ordinary bainite.
However, because the microstructure forms gradually during continuous cooling, the sheaves of
bainite can be rather coarse. A characteristic feature of granular bainite is the deficiency of carbides
in the microstructure. Instead, the carbon that is partitioned from the bainitic ferrite stabilizes the
residual austenite, so that the ultimate microstructure consists of both retained austenite and some
high carbon martensite forming M/A islands in addition to the bainitic ferrite [81].
Upper bainite forms at relatively high temperatures, consists of sheaves of parallel ferrite
crystals, in the form of laths or plates, with discontinuous interlath cementite particles. The upper
bainite which does not contain carbides, but the M/A constituents are called degenerated upper
bainite [83]. Upper bainite is obtained if the time taken for the carbon diffusion process is smaller
than that required for the precipitation of carbides in the bainite ferrite. The formation of upper
bainite has two stages. The first stage is the formation of bainitic ferrite. Since ferrite has a very
low solubility of carbon, the growth of bainitic ferrite will enrich the remaining austenite with
carbon. In the second stage, cementite will precipitate from the residual austenite layers.
In contrast, lower bainite is characterized by ferrite plates which contain fine carbides at
angles around 55°to 60° to the long axis of the ferrite [83]. In lower bainite, cementite precipitates
in two ways: from the carbon-enriched residual austenite and supersaturated ferrite. At lower
temperatures (~250-400 oC), lower bainite is formed, which consists of acicular ferrite plates with
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intra-lath dispersed precipitates. This structure exhibits the appropriate combination of high
strength and high toughness and hence, is considered the most appropriate for achieving high
graded line pipe steel. High grades, such as X120, can thus be obtained with lower bainite
microstructures [84]. However lower grades such as X80 can be obtained with bainitic ferrite,
upper bainite or acicular ferrite microstructures which present lower technological challenges.

2.8.2 Acicular ferrite
The acicular ferrite phase consists of fine non-equiaxed ferrite dispersed with cementite
and M/A islands. This constituent is defined as a highly substructured and, non-equiaxed phase
that forms on continuous cooling by a mixed diffusion and shear mode of transformation at
temperatures slightly above the upper bainite transformation range.
The major difference between bainite and acicular ferrite comes from the morphology of
their microstructures because the former nucleates at austenite grain surfaces and hence grows in
the form of sheaves of parallel platelets, while the latter nucleates on the inclusions and has much
more disorganized microstructure with adjacent platelets pointing in different directions [83, 85].
A schematic illustration of the difference between the nucleation and growth mechanisms of
acicular ferrite and bainite is presented in Figure 2.15 [83].
The fraction of nonmetallic inclusions is extremely low in linepipe steels, and therefore
other nucleation sites (such as dislocations) dominate the formation of acicular ferrite. Therefore,
heavy deformation in the austenite non-recrystallization region during the processing of linepipe
steels produces a high density of dislocations and other defects within the austenite grain as
intragranular nucleation sites, allowing acicular ferrite to nucleate easily.
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Figure 2.14. Schematic illustrations of the various bainite morphologies. (a) Nodular bainite; (b)
Columnar bainite along a prior matrix grain boundary; (c) A sheaf of upper bainite laths; (d) Lower
bainite; (e) Grain boundary allotriomorphic bainite, and (f) Inverse bainite [81].
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Figure 2.15. Schematic illustration of the nucleation and growth mechanism of acicular ferrite and
bainite [83].
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The packets (i.e., the effective grains) formed in acicular ferritic structures are small
compared to the morphological packets of bainite, resulting in good toughness, especially
regarding ductile-brittle transition temperature (DBTT). Acicular ferrite structure in the line pipe
steel consists of a chaotic arrangement of ferrite plates facing in many different directions within
any given austenite grain, and therefore, it is believed that these fine grains can retard the
propagation of crack efficiently, which is schematically illustrated in Figure 2.16. Acicular ferrite
has been known as the optimum microstructure with an excellent combination of high strength and
good low-temperature toughness in line pipe steels. It is mainly due to the relatively high density
of dislocations and the fine-grained nature of the acicular ferrite structure, which improves the
toughness of the steel. Moreover, it is believed that the good toughness of acicular ferrite is also
related to the high density of high-angle boundaries that these microstructures usually present. As
was indicated earlier, the formation of acicular ferrite in line pipe steels is closely related to a
heavy deformation in the austenite non-recrystallization region, which affects the morphological
characteristics of acicular ferrite.

2.8.3

Martensite/Austenite (M/A) constituents
When ferrite is transformed from austenite on cooling, the remaining austenite is enriched

in carbon due to the lower solubility of carbon in ferrite relative to austenite and becomes stable,
and finally, a part of this austenite decomposes into ferrite and carbide. If the cooling is sufficiently
rapid, the decomposition does not happen. Instead, the remaining austenite transforms into lath
and twin martensite at lower temperatures, and a small amount of austenite is retained. This is
martensite-austenite constituent (M/A), which is an unresolvable mixture of martensite and
austenite [86]. During the crack propagation process, fine M/A islands hinder the crack
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propagation, while, coarse M/A islands become the source of the secondary crack, and eventually,
the ductility would be deteriorated.

2.9

Mechanical properties
There are several technical difficulties for line pipe steels, including a need for

homogeneous microstructure and optimum mechanical properties. Indeed, the quality required is
now exceedingly demanding given the often-difficult environments where the line pipes must be
mounted, for example in exceptionally deep oceans, on undulating land surfaces, and in freezing
climates [98]. Recently, constant efforts have been made to improve the structural performance
and to extend the applications by achieving an improvement of the material properties. Linepipe
steels require high strength balanced with maximum toughness as well as excellent weldability.
Depending on the desired grade, the steel must fulfill different yield strength and toughness
requirements.

2.9.1 Yield strength
The yield strength corresponds to the strength level at which the steel starts to deform
plastically. Many efforts have been dedicated to the prediction of the yield strength. In fact, both
chemical composition and process parameters affect, as it has been reviewed in the corresponding
sections. The most important metallurgical characteristics affecting the yield strength are the size
and shape of the grains, the size and volume fraction of the precipitates, the dislocation density,
and the crystallographic texture. These effects are normally taken into account in the expanded
Hall-Petch equation [77].
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Figure 2.16 Cleavage crack deflection at lath boundaries of acicular ferrite.

72

σ ≈ σ0 + σs + σp + σd + σt + k d-1/2

(12)

Where, σ0 is the lattice friction stress of pure iron (48 MPa [99]), which is a constant for a given
structure, σs is the solid solution strengthening which varies approximately linearly with the solute
content in dilute solutions. σp is the square root of the volume fraction of precipitates and inversely
proportional to precipitate size. The yield strength contribution attributable to dislocation
hardening (σd) varies with the square root of the dislocation density. The texture component (σt) is
related to the Schmid and Taylor factor and varies with the nature and sharpness of the
crystallographic texture of the ferrite grains [100]. In this section, we will examine the
strengthening mechanisms and their relative contribution to the yield strength of line pipe steels.

2.9.2 Effect of grain size on yield strength
Ferrite grain size and the volume fraction of grain boundaries play an important role in the
strengthening of line pipe steels. In order to achieve fine grain size, an understanding of the
evolution of ferrite microstructure during thermo-mechanical controlled processing becomes
important. TMCP provides a larger number of heterogeneous nucleation sites by refining the
recrystallized austenite grain size above Tnr or by pancaking the unrecrystallized austenite below
Tnr. Austenite grain boundaries, as well as deformation bands in the austenite grain, are considered
as the most important nucleation sites for the austenite to ferrite transformation. The combined
effect of the large austenite reduction by strain accumulation below Tnr, together with accelerated
cooling, can produce an optimized refined product structure composed of acicular ferrite and
shear-mode transformation products such as bainite.
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Grain boundaries introduce discontinuities in materials and, therefore, act as obstacles to
dislocation motion by hindering the continuity of slip from grain to grain and increase the strain
hardening. For grain boundaries strengthening, the obstacles are expected to be strong and able to
sustain pile-ups generated and emitted by sources. As more dislocations approach the dislocation
which already stopped near the grain boundary, stress is built up until eventually enough stress is
exerted on an adjacent crystal so as to create dislocation sources in those grains as well. The
stresses required to activate these dislocation sources are dependent on the size of the grain
involved.
Lu et al. [101] observed the relation between the strength and the inverse of the square root
of the mean linear intercept (m.l.i) in Nb-Ti microalloyed line pipe steel. The strengthening
contribution by the grain size was calculated using:

σgb = σ0 + k d-1/2 = k1 (m.l.i)-1/2

(13)

Where σgb is the grain boundary strengthening, σ0 is constant, k is the strengthening coefficient
when grain size (d) is used, and k1 is the strengthening coefficient when the mean linear intercept
is used. The constant σ0, friction stress, represents the stress required to move free dislocations
along the slip planes in the iron bcc crystal and can be regarded as the yield stress of a single
crystal. This stress is very sensitive to temperature and the chemical composition of the steel.
Kim et al. [99] calculated the grain refinement hardening stress (σg) in a high strength low
alloy steel to understand the effect of finishing temperature on yield strength. The stress was
expressed using the following equation:

74

σg = k d-1/2

(14)

where k is the constant (0.55 MPa m0.5 for HSLA steels [102,103]), and d is the average ferrite
grain size (m).

Sub-structural refinement is another important strengthening mechanism of line pipe steels.
The deformed ferrite and austenite grains during thermo-mechanical processing lead to an increase
in the dislocation density. Ferrite sub-grains can be formed by recovery if the temperature is
favorable and sufficient. An additional increase in yield strength with a less detrimental effect on
toughness can be imparted through the formation of ferrite sub-grains. The sub-grain strengthening
is expressed as [99]:
σsg = ks l-1/2

(15)

where l is the average intercept length of the sub-grain boundary, and ks is a constant associated
with the misorientation (θ) across the sub-grain boundary, and sub-grain strengthening constant
(ks) can be calculated using the following equation:

ks

=

1 .6G b 
2(1 − )

(16)

Where υ is the Poisson ratio (~0.3 for steel), and b is the burger’s vector.
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2.9.3 Solid solution strengthening
The substitutional and interstitial solute atoms play an important role in the strengthening
of line pipe steels. The primary role of these alloying additions is to increase the lattice friction
thereby increasing the resistance to deformation in the ferrite crystal. By creating stresses within
the lattice structure, the solute can interact with dislocations, relieving some of the stresses induced
by the dislocations. The strengthening effects of interstitial and substitutional solutes were
modeled linearly with a general equation [101]:

σss = Σ ki Ci

(17)

where σss is the solid solution strengthening, ki is the strengthening coefficient for the solute
strengthening of solute i, and Ci is the concentration of solute i. The solid solution hardening stress
for HSLA steels was also estimated using depending on the alloy composition.

σss = 4570 [C] + 4570 [N] + 37 [Mn] + 83 [Si] + 470 [P] + 38 [Cu] + 80 [Ti] – 30 [Cr]
(18)

Where [X] represents the mean wt.% of the element X. In addition to the concentration of the
solute and the shear modulus, its size is of considerable interest, since the strain developed is
proportional to the size difference between the solute and the matrix atoms.

2.9.4 Precipitation strengthening
Small additions of titanium, niobium, and vanadium at low carbon levels promote the fine
grain size and precipitate strengthening in line pipe steels. The effect of the fine precipitates on the
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overall strength will depend on the temperature at which they form about the transformation
temperature of the steel and the recrystallization temperature of the austenite. In precipitation
hardening, a fine distribution of second-phase particles is required to get effective strengthening.
These particles can be coherent with the matrix and dislocation can cut through such small
particles. During this process, interactions occur between the strain fields of precipitates and
dislocations, resulting in the strengthening of the material due to the hindrance of dislocation
movement. Ashby and Orowan mechanisms quantified the effect of incoherent precipitates
pinning dislocation motion. Particle cutting and the bowing of dislocation loops (Orowan
mechanism) are the two systems which show to be the most effective at increasing strength, while
chemical hardening occurs generally as a result of particle cutting.
There is an important distinction between the mechanisms of particle shearing and particle
bypass in their response to particle size. The particle shearing mechanism generally shows a
positive dependence with particle size, whereas the looping mechanism shows an inverse
dependence on particle size. The strengthening contribution of hard carbides and nitrides appears
to decrease with increasing particle size, and hence, shows remarkably good agreement with
theories based on Orowan mechanism.
Assuming a random distribution of particles the addition to the yield stress from
precipitation can be calculated using the Ashby-Orowan equation [99]:

 10.8 f v
σp = 

X


 

X
 ln

  6.125*10−4 


(19)

Where σp is the precipitation strengthening, X is the size of precipitates in microns, and fv is the
volume fraction of an assumed precipitate size (X). In general, all the shown equations indicate,
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that greater strengthening results from greater volume fractions of finer particles, which depend
on composition and processing.

2.9.5 Deformation slip and dislocation theory
In crystals, partial slip occurs, when only one part of the crystal moves along the slip plane
over the other slip plane. As a result of this partial slip, crystal dislocations can be observed in
TEM where atoms of the lattice are surrounded by their neighbors. With more external loading,
propagation of the slip occurs in a wave of atom movement, and the dislocation starts displacing
through the crystal in the direction of slip. Therefore, in a polycrystalline material, macroscopic
deformation can be related to structural imperfections in a single crystal, namely, dislocations and
their displacement [104].
The slip plane occurs parallel to its closely packed planes and directions. Whereas in a
polycrystalline material, where crystals are oriented at individual different angles and are moving
in different directions regards to the load direction, slip planes orientations are in at an angle of
45o to the stress axis (direction of maximum applied shear stress) along those directions that
happens to be most nearly parallel to the direction of maximum resolved shear stress.
Slip mechanisms in body-centered cubic (BCC): In the BCC structures, slip occurs on closepacked {110}, {112}, and {123} planes, as the packing density of these planes are greater than
other sets of planes. Different BCC slip planes commonly share the main diagonal direction <111>.
The combination of a slip plane and a slip direction forms a slip system. The slip systems are
specified concerning the orthonormal basis for the three different types of BCC slip systems. The
slip systems possess a common slip direction, [1, 1, 1], [−1, 1, 1], [1,−1, 1], and [1, 1,−1]. The slip
plane normal of each slip system family lies on the plane which is perpendicular to the
corresponding slip direction.
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A BCC crystal plasticity model was applied to perform uniaxial tension recreations at the
material point level for various kinds of BCC single crystals and relate these with experimental
values [105]. The outcomes demonstrate that {110} and {112} planes are recognized as intrinsic
slip systems of BCC crystals, yet not the {123} plane. There are two slip directions in each of these
slip planes along the main diagonals of the cube.
The mobility of dislocations: When a crystal is exposed to an applied force, a dislocation will
attempt to move towards the direction of highest shear stress to bring down the potential energy
of the entire system. In the event that τ is the most extreme shear stress on the slip plane of a
considered area A acting toward slip, the shear force will be a multiplication of both, ie., τ*A. The
collaboration of moving dislocations with stable or mobile dislocations present in the crystal
structure relies on the dislocation slip plane and slip direction [106]. If the same-signed
dislocations move toward each other on the same slip plane, they will repel and block each other.
On the off chance that oppositely-signed dislocations proceed on the same slip plane in inverse
directions, they will draw in one another and annihilate, as half of the crystallographic plane of the
principal dislocation will be supplemented by the other portion of the second dislocation. In any
case, if the distinctively marked dislocations proceed on parallel slip planes, their stress fields will
pull in one another, but the obliteration will not occur.
In bcc structures, the dislocation formation speed diminishes with increasing strain because
of pileups on favorable slip planes. It is higher in the dynamic strain-aging temperature region 100
– 350 oC, where estimations of carbon diffusion rate and dislocation velocity are similar promoting
immobilization of moving dislocations and increased production of new ones under external
loading. The dislocation density was also observed to increase with the increase in carbon content
due to an increased density of strain-induced precipitates, leading to an increase in the number of
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potential dislocation sources [107]. In all the cases of dislocation-obstacle interaction mentioned
above, higher external loading is needed for macroscopic deformation. Thus, the yield strength
increases with an increase in the number density of dislocation-obstacle interaction sites.
Dislocation structures: From the literature, it is possible to discern dislocation structures observed
in hot rolled steels (Figure 2.17). The “straight line” structure is characterized by a regularly spaced
arrangement of straight dislocations with uniform dislocation density (Figure 2.17a). The “cluster”
structure has territories of higher and lower dislocation density; normally dislocations are not straight
with numerous bends and nodes are available in groups (Figure 2.17c). The “cell” structure is named
as it is possible to differentiate between wide regions of minor dislocation density (inside the cell) and
restricted narrow lines of high dislocation density (cell walls) encompassing them (Figure 2.17d).
Contrasts in dislocation density between the cell interiors and the walls may reach up to 15-20 times
[104, 105].

Apart from the fact that there is a high number of density, dislocations in the cell walls are
variously interconnected and tied in bunches and packs. Neighboring cells, notwithstanding having
a place with the same grain,would tend to jump to the next cell but dislocations from one cell
cannot cross the wall to another cell [106]. The “cell” structure is transitional to a sub-grain
structure development — with strain increase the dislocation structure type changes from the
“straight line” to the cell type. Be that as it may, because of inhomogeneity of deformation in
various parts of the material, all the structure types might be available at the same time in various
grains with the increase in strain, the dislocation density inhomogeneity increases. Identification
of the above outlined substructural characteristics is important because the intensity and frequency
of their occurrence are expected to exhibit a relationship with the yield strength.
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(a)

(b)

(c)

(d)

Figure 2.17. Schematic representations of the dislocation structure types: (a) straight lined, (b)
irregular with uniform dislocation density, (c) cluster, and (d) cell structure [104, 105].
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Factors affecting the dislocation density: Dislocation structures and their density depend on the
deformation temperature and the volume fraction of secondary phases (e.g., pearlite). During hot
deformation to the same strain level, the dislocation density decreases with an increase in the
deformation temperature due to dislocation annihilation. Kim et al. [99] observed an increase in
the dislocation density with the decrease in finish rolling temperature. The minimum temperature
for the thermally activated processes is also dependent on the nature of the metal. At temperatures
above 350 oC, dislocation climb, and grain boundary motion change the dislocation structure in
pure iron [107]. Steels with polygonal/ quasi-polygonal ferrite microstructures generally
composed of low angle boundaries (LABs) with dislocation structures (<15o), and ferrite grain
boundaries correspond to the boundaries with a high misorientation angle (>15o). Therefore, the
fraction of LABs (<15o) with dislocations is proportional to the dislocation density.
Aside from the temperature, the existence of secondary phases in steel upgrades the
probability of the formation of different sorts of dislocation structures in different regions. This
can be clarified by inhomogeneity of distortion identified with the distinction in phase plasticity
[108]. The dislocation structure development amid hot deformation is also affected by
microalloying. With the similar hot rolling schedule, it was found that more highly alloyed steel
had fairly larger dislocation density than lower alloyed steel. But, it was also noted that irregular
dislocation structure was more predominant in the highly alloyed steel and exhibited numerous
curved dislocations, whereas the dislocations in the lower alloyed steel were mainly found to be
in straight lines. Precipitates and solute particles hinder the dislocation movement, expanding the
number of dislocation sources and invigorating new dislocation generation.
Dislocation hardening stress (σd) for microalloyed steels can be calculated using the
following equation [101]:
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σd = 100αGbρ1/2

(20)

Where α is the constant depending on the crystal structure (~0.38), G is the shear modulus of Fe
(8.3 * 104 MPa), b is the Burgers vector (0.246 nm), and ρ is the dislocation density per unit area
(m2).
Takahashi and Bhadeshia [109] proposed an empirical relation to calculate the dislocation density
(ρ) in ferrite as a function of reaction temperature (T), in the range of 297 oC to 647 oC.

log10 ρ = 9.2848 + [6880.73/(T+273)] - [1780360/(T+273)2]

[21]

Dislocation hardening stress is very small compared to other stress terms, and thus its
contribution to the yield strength appears to be negligible for steels with ferrite-pearlite structure.
However, dislocations make a significant contribution to strength, if the transformation changes
to mixed/shear and produce bainite/acicular ferrite microstructure with a substantial increase in
the dislocation density.

2.9.6 Fracture toughness
Toughness is an imperative mechanical property which describes the ability of a material
to resist fracture. It ensures the structural integrity of the line pipe over a long period of time and
under conditions of large temperature variations. Figure 2.18 shows schematically the fracture
toughness of body-centered cubic (BCC) metals as a function of temperature.
Fracture occurring at lower loads may take place either suddenly (i.e., premature fracture
due to brittleness, the presence of a defect, or particular loading conditions) or gradually (i.e.,
creep, fatigue, stress corrosion cracking). Fracture is generally divided into two broad categories:
83

ductile and brittle fracture. Ductile fracture is associated with considerable plasticity before failure.
It is slow and generally results from shear deformation and the formation and coalescence of voids.
In contrast, brittle fracture involves the rapid propagation of cracks with minimal, highly localized
plasticity. The same steel grade can exhibit different types of fracture depending on the
temperature, state of stress, and loading rate conditions. The “ductile to brittle transition” occurs
as the test temperature is reduced and plastic flow becomes more difficult relative to cleavage and
is a feature of materials with flow stress that is sensitive to temperature. BCC materials exhibit a
ductile-to-brittle transition temperature (DBTT) with a characteristic S-shaped ductile to brittle
transition curve. The low-temperature shoulder of this curve is characterized by the lower-shelfenergy (LSE) whereas the high-temperature shoulder is characterized by the upper-shelf-energy
(USE). Pickering made a linear regression model to predict the ductile-to-brittle transition
temperature (DBTT) as a function of chemical composition (f), strength (g), and grain size (d) as
follows:

DBTT = f (chemical composition) + g (strength) – 11.5 d-1/2

(22)

BCC metals show a marked temperature dependence of the yield stress. Plastic flow in
BCC crystal structure of iron becomes particularly difficult at low temperatures because the core
of the dislocations is anisotropic, leading to a large Peierls barrier, which eventually needs higher
stress to move dislocations. Thus, operating temperature and strain rate have a marked effect on
its fracture mechanism. Reduction in temperature and increase in strain rate generally result in a
marked increase in the yield stress of the material. The rate generally results in a marked increase
in the yield stress of the material.
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Figure 2.18. Schematic illustration of impact toughness of BCC metals as a function of
temperature.
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The process of fracture includes two stages: crack initiation and crack propagation. The
creation of a cleavage crack does not mean that fracture necessarily occurs. If the crack cannot be
grown just after nucleation, the tip may become blunted by deformation, and the associated crack
may not propagate. Even if a crack grows, its propagation can be arrested if the applied stress
suddenly becomes lower than that for fracture. Therefore, the fracture toughness of the material is
governed not by the creation of a crack but by its propagation.
The Charpy V notch impact test is the most common empirical method to evaluate the
toughness of steels. At the ductile-to-brittle transition temperature (DBTT), Barson and Rolfe
obtained a relationship between the fracture toughness (KIC), elastic modulus (E), and absorbed
impact energy of Charpy V Notch (CVN) test.

(KIC)2

= 2E * CVN1.5

(23)

2.9.7 Factors affecting the impact toughness
Grain size, alloying elements, processing parameters, and crystallographic texture can
significantly influence the impact toughness of line pipe steels. Many researchers have tried to
discover quantitative relationships, linear or non-linear, between the Charpy impact energy and
potential influencing factors [110]. The crack propagation path is dependent on the final
microstructure and their effective grain size. For instance, in ferrite-pearlite steel, the cleavage
path is associated with the metallographic grain size. However, in bainitic steels, it can correspond
to the prior austenite grain size, and the effective grain size for those steels can be the packet size
defined as the distance between two nearest high-angle boundaries. Zhang and Knott [111] noticed
that high angle boundaries infringed a significant deviation of the crack propagation direction.
Thus, high toughness in linepipe steel can be achieved by reducing the amount of pearlite in the
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structure and by optimizing the morphology of bainite and distribution of high angle grain
boundaries.
Large carbides provide crack initiation sites in the linepipe steel, although fine carbides
help improve toughness if they help refine the structure, for example through microalloying. In
low carbon bainitic steels the initial crack nucleus is supposed to be created by dislocation activity,
and they also suggested that failure is controlled by carbide distribution rather than bainitic packet
size. Nitrogen is generally considered to be detrimental to toughness, but it has various interactions
with other alloying elements. Phosphorus and molybdenum can be detrimental elements because
they raise the transition temperature while chromium has little effect [112]. Oxygen and Sulfur
promote embrittlement and reduces the surface energy of a crack through brittle oxide inclusions.
Therefore, the toughness of the linepipe steel can be improved by reducing the sulfur content to
less than 10 ppm.
The toughness of the rolled steels is also dependent on the crystallographic texture since
the distribution of {001} planes is important in cleavage fracture. Ductile fracture occurs by the
nucleation and coalescence of microvoids, which is associated with slip processes. As discussed
previously, {110} <111> and {112} <111> are the main slip systems of the body-centered cubic
(BCC) and the volume fraction of grains with {110} and {112} planes parallel to the notch plane
can influence the ductile fracture.

2.10

Spiral-welding of line pipe steels
Linepipes are by necessity welded to each other, while large-diameter pipes are also seam

welded. Thus, good weldability is another important characteristic of line pipe steel, combined
with strength and toughness. The main hazard in welding is the formation of martensite in the heataffected zone, which can lead to microcracks. This can be avoided by controlling the hardenability
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and by preheating the weld area to ensure slower cooling after welding. Another concern is the
absorption of hydrogen during welding, which can lead to embrittlement. This can be avoided by
using very low hydrogen electrodes, which are dried before use to ensure minimum exposure to
moisture. Furthermore, lowering the C and Mn content has the added benefit of improved
weldability.
Two main formulas are used to judge weldability. The first is the International Institute of
Welding (IIW) carbon equivalent (CE) formula given by [82]:

CE = C +

Mn (Cr + Mo + V) ( Ni + Cu )
+
+
6
5
15

(24)

Where the elements are in wt.%. This formula applies to steels with C content of more than 0.12%.
It is aimed at the hardenability of the heat-affected zone. In general, the lower the CE, the less the
chance of weld cracking. The second carbon equivalent formula (parameter for crack measurement
(PCM)) is used strictly for steel with C < 0.12%. It is aimed at cold cracking and is given by:

Pcm = C +

Si (Cr + Cu + Mn ) Ni Mo V
+
+
+
+ + 5B
30
20
60 15 10

(25)

The pcm specified value is typically in the range of 0.18–0.20%.
As discussed, the strength and toughness of line pipe steels arise from the combined effect
of microalloying and TMCP. The alloying elements, primarily through their influence on the
transformation, provide greater control over microstructure and therefore on the properties. The
heat treatment is aimed at adjusting these contributions to achieve the required properties. The γ −
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α phase changes allow a large number of variations in the microstructure, resulting in a wide range
of properties. Pipe forming from the plate, strip, and coil, through several processes such as UOE,
electric resistance welded (ERW), or spiral welding, require special control of the mechanical
properties in the skelp, particularly the control of the mechanical property anisotropy to ensure the
strength requirements of the final pipe.
Large diameter spiral pipes have been used with success in oil and gas projects for several
decades. Spiral welding is one of the continuous processes of producing large diameter line pipes
(typically diameters 20-100 inches). A continuous strip is rolled to the required width and wall
thickness and hot-rolled. A schematic illustration of the pipe forming through the spiral-welded
process is shown in Figure 2.18. The strip is uncoiled and leveled by passing it through a series of
rollers. The edges are then trimmed and beveled. The strip, appropriately angled, goes next to a
precision forming stand where it is rolled into a circular shape. The seam is welded usually through
the submerged arc welding (SAW) method. The pipe is first welded on the inside and then on the
outside.
In the spiral-welding process, the line pipe diameter is decided by the spiral angle and by
the strip width. Larger diameter pipes than customarily produced by other processes can be
produced through spiral-welding. Therefore, the hoop (circumferential) direction in a spiral welded
pipe corresponds to different directions of the skelp, depending on the relation between the width
B of the strip, the diameter D of the pipe and the forming angle (α) of the pipe (Figure 2.19).

sin α = B/πD

(26)
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Thus, the spiral-welding is one of the most economical and efficient continuous welding
processes. It is desirable to replace expensive thick plates by cheaper, hot rolled spiral-welded
pipes to lower the construction costs. However, large-caliber spiral-welded pipes have not been
exploited fully due to their anisotropy of mechanical properties and decrease in strength after pipe
forming which constitutes the focus of the study described here [98].
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Figure 2.18. Schematic representation of spiral weld pipe forming [98].
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Figure 2.19. Spiral-welding forming process and the relation between strip width (B) and pipe
diameter (D) [77].
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CHAPTER 3: MATERIALS AND EXPERIMENTAL PROCEDURE
3.1

Introduction
In order to examine in detail, the influence of final microstructure, precipitation size, and

distribution, sub-structural features on the yield and tensile strength in niobium-titanium
microalloyed line pipe steels, necessary characterization equipment, and laboratory access are
mandatory. The material used goes through various processing parameters during thermomechanical controlled processing (TMCP) (roughing, finishing, coiling temperatures) and results
in a variety of microstructures that affect the final mechanical properties. The previous chapter
discusses the possible microstructures generated by steel making in-line pipe steels. To summarize
briefly, the coarse/fine pancaked austenite microstructure after recrystallization gives rise to
microstructures such as polygonal ferrite, pearlite, acicular ferrite, and bainitic ferrite, martensiteaustenite constituents under different cooling rates and coiling temperatures. In this chapter, a
summary of materials used, explanation of all the user equipment, and experimental techniques
required for the determination of the mechanical properties and characterization of microstructures
are discussed. Optical microscopy, scanning electron microscopy (SEM), and transmission
electron microscopy (TEM) were carried out for the characterization of microstructure, substructural features, and precipitations in the matrix. Carbon extraction replica approach was also
used to study size, morphology, and distribution of precipitates.
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3.2

Materials
The materials used in the present study are two X70 (X70_A, X70_B) microalloyed line

pipe steels that were processed to obtain yield strength of 490 MPa (70 ksi) at ArcelorMittal, East
Chicago, USA. Their chemical composition and final thickness are shown in Table 3.1. All the
conditions met the required API 5L specifications for line pipe steels [115]. X70_A and X70_B
have similar chemical composition but different processing variables. Carbon contents are
maintained very low and primarily contain Nb and Ti as microalloying elements. Low carbon level
helps in improving the weldability and improves toughness. Niobium promotes the transformation
of austenite to acicular ferrite and bainite which can be beneficial to lower the yield/ultimate tensile
strength ratio. Niobium and titanium facilitate grain refinement and provide precipitation
strengthening by the formation of Nb(C,N) precipitates in the ferrite matrix and arrest dislocation
motion. The small amounts of titanium react with nitrogen at a higher temperature in the process.
It can also assist in suppressing the austenite grain growth during reheating of the slabs. This is
achieved through the formation of a significant amount of TiN particles before recrystallization of
austenite. Molybdenum in Nb-containing line pipe steels generally improves transformation
hardening, but it also has a minimal role in grain refinement and precipitation hardening [115].
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Table 3.1 Chemical composition (in wt. %) and the final thickness of the experimental steels [115].

Steels

C

Si

Mo

Nb+Ti+V

Ni + Cu

N

Fe

<0.1

M
n
<2

<0.4

---

<0.14

<0.2

<0.01

Balance

Thickness
(in.)
0.5

X70_A
X70_B

<0.1

<2

<0.4

---

<0.14

<0.2

<0.01

Balance

0.625
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The control of the microstructure throughout the overall handling course is imperative to
accomplish the required mechanical properties. In every progression of the procedure, there are
various physical metallurgical occasions and related microstructural state factors which are
impacted to some degree by the process parameters, e.g., the level of the disintegration of the
alloying elements, the size of the austenite grain, the amassed austenite deformation,
recrystallization, phase transformation.
The thin slabs were reheated to break up all the alloying components and to limit the grain
size of recrystallized austenite, trailed by severe hot rolling to acquire fine pancaked austenite grain
size. Once the rolling was complete, the cooling process begun above Ar3 temperature, phase
diagram explains the Ar3 temperature for all the steels. The controlled rolling was intended to
examine the impacts of roughing, finishing, and coiling temperatures on the yield strength.
Accelerated cooling of the strip examined the impact of transformation on the mechanical property
in the wake of rolling. The processing states of the steels were differed with the end goal to acquire
polygonal ferrite-acicular ferrite microstructure in X70_A and X70_B, with predominant acicular
ferrite or bainite microstructure. Figure 3.1 represents the general thermo-mechanical processing
schedule for the experimental steels.
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Figure 3.1. Thermo-mechanical processing scheme for the line pipe grade steels.
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3.3

Mechanical testing
Testing the manufactured line pipe steels to find the mechanical property under standard

specifications helps to measure the tensile strength, yield strength, percentage of elongation and
impact toughness of the thermo-mechanically processed strip along different directions concerning
the rolling direction.

3.3.1 Tensile testing
The tensile tests were carried out on ASTM E8 standard specimens using an MTS testing
machine. The machine has a fixed lower jaw and a movable upper jaw to hold the dog-bone
samples for testing. Once the sample is fixed, the load is set to zero to neglect force set manually
because the load set by fixing the sample hand tight is not the original load. An extensometer set
helps in finding the instantaneous change in the cross-section during the test on the specimen while
the strain is extracted. The standard geometry followed for the tensile specimen, and the
orientations to the rolling directions are showed in Figures 3.2 and 3.3.
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Figure 3.2. ASTM E8 standard dimensions and geometry of a flat tensile specimen [116].
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With the end goal to research the yield strength, tensile test samples were machined from
the strip along inclinations of 0°, and 90° concerning the rolling direction (RD). Typically, about
three tensile samples were prepared for each direction, and the results were averaged. Tensile
testing was completed by the standard prerequisites of ASTM A-370 as prescribed in the API 5L
specification details for line pipe steels. Specimens were machined from the hot rolled strips using
CNC as indicated by the standard ASTM E8M [116] with the gauge length of 50 mm, the width
of 38.1 mm, and the thickness of 12.7 mm or 16 mm or 24 mm, and a total length of 225 mm.

3.4

Microstructural observations
The materials characterization alludes to the utilization of the much-sophisticated

techniques in order to study the internal structure and the properties of the materials. The outer
morphology, chemical composition, and the orientation of the grains were studied using the
scattered beam signals generated from the electron-sample interactions. For the most part, fine
microstructures created in the slow or rapidly cooled samples made out of different transformation
products, such as polygonal ferrite, pearlite, acicular ferrite, bainitic ferrite, and martensiteaustenite constituents (M/A), whose volume fractions rely upon few processing parameters and
alloy chemistry. The attributes of these micro-constituents were considered by optical, scanning
and transmission electron microscopy.
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Figure 3.3. Orientations of tensile test specimens concerning the strip rolling direction.

101

3.4.1 Optical and scanning electron microscopy (SEM)
Optical and scanning ele[ctron microscopy studies were completed on areas of roughly 10
mm x 10 mm x 5 mm in size that was cut from the rolling directions plane of the strip. The samples
were mounted in conductive bakelite parallel to the rolling direction to fix the positions firmly.
The outer surfaces of the samples were ground using 80, 180, 240, 320, 400, 600 and 800 grit
papers made of silicon carbide grinding, followed by polishing using 9 μm, 6 μm and 3 μm
diamond pasted on an automatic polisher, and final polishings were performed using a suspension
of alumina powder (0.05 μm) to obtain mirror-like surface finish. In order to reveal the grains,
there is a necessity for a strong chemical attack. So, the samples were etched using 2% Nital
solution (2 ml nitric acid with 98 ml methanol) to uncover the grain boundaries.
Micrographs were taken at selected locations in all the tests using a Nikon optical
microscopy (OM), TM-1000 backscattered electron microscope, and field-emission scanning
electron microscopy (SEM). Scanning electron microscopy utilizes a high energy beam of
electrons in order to picture the micro-constituents such as polygonal ferrite, bainitic ferrite, and
M/A constituents. The electrons interface with the atoms that make the sample produce signals
which gives information about surface topography, conveyance of the components in the
specimen. The secondary electron mode with 15 or 20 kV accelerating voltage and a working
distance of 10 to 15 mm was utilized.
Grain size estimation of the experimental steels included the recording of an extensive
number of optical and SEM micrographs, respectively (somewhere around 20 micrographs and
~400-500 grains from every sample). Along the lines, the recorded micrographs were used to
decide the average grain size using the ASTM-linear intercept method related to Image Pro
software that allows grain boundaries to be obviously outlined.
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3.4.2 Transmission electron microscopy (TEM)
Transmission electron microscopy (TEM) was completed to distinguish the constituent
phases in the line pipe steels and look at the dislocation structure inside the grains and straininduced precipitation, its size and distribution. Electron transparent foils were prepared by
reducing the size to a thin wafer from the steel samples and grinding them to ~30 μm thickness.
Then the thin samples were punched to 3 mm discs and twin-jet electropolished with a solution of
10% perchloric acid in ethanol as the electrolyte at 10 oC. Foils were examined with a Hitachi
H9500 TEM operated at 200 kV. A schematic representation of an experimental jet-polishing
procedure for experiments is presented in Figure 3.4.

3.4.3 Carbon extraction replica approach
Replication methods can be delegated either surface replication or extraction replication.
Surface replicas give a picture of the surface topography of a specimen, while extraction replicas
lift particles from the specimen and help in analyzing the actual elements. Surface replication is a
very much created electron microscopy test planning method that can be used to direct in situ
estimations of the microstructure of components [117-119]. Interestingly, extraction replica
techniques can be used to portray little particles that are
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Figure 3.4. Illustration of experimental jet-polishing procedure for nanoindentation experiments.
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(a)

(b)

(c)

(d)

Figure 3.5. Illustration of carbon extraction replication step by step, (a) placement of layer after
the first etch, (b) after the second etch, (c) after the deposition of carbon, and (d) the replica after
the plastic is dissolved [117-119].
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embedded in a grid, for example, the size, morphology, and distribution of second-phase particles
(precipitates). The extraction replication technique is an astounding non-destructive technique for
identifying these precipitates [117].
After cautious preparation of the surface utilizing typical polishing strategies, the initial
step in creating an extraction replica is to scratch the alloy heavily with 2 % nital to leave the
particles of interest in alleviation. In the carbon extraction replica, as appeared in Figure 3.5,
carbon was painstakingly evaporated on the scratched surface to create a negative of the surface,
or the specimen can experience a second engraving to free the particles exposed by the first etch.
At last, the surface was scored to ~3 mm squares, and the sample was carved first with 10% nital
and afterward with 2% nital. Along these lines, the extracted replicas were rinsed with distilled
water and put on the copper grid, dried, and analyzed with a Hitachi 7600 TEM operated at 20 kV.
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CHAPTER 4: UNDERSTANDING THE IMPACT OF COILING
TEMPERATURE ON THE MICROSTRUCTURE AND MECHANICAL
PROPERTIES
Abstract
In this chapter, the influence of coiling temperature on the microstructure and mechanical
properties, in an ultrahigh strength titanium-niobium microalloyed steel is discussed. The objective
was to underscore the impact of coiling temperature on the nature and distribution of
microstructural constituents (including different phases, precipitates, and dislocation structure)
that significantly contributed to differences in the yield and tensile strength of these steels.
Depending on the coiling temperature, the microstructure consisted of either a combination of fine
lath-type bainite and polygonal ferrite or polygonal ferrite together with the precipitation of
microalloyed carbides of size ~2–10 nm in the matrix and at dislocations. The microstructure of
steel coiled at lower temperature predominantly consisted of bainitic ferrite with lower yield
strength compared to the steel coiled at a higher temperature, and the yield to tensile strength ratio
was 0.76. The steel coiled at higher temperature consisted of polygonal ferrite and extensive
precipitation of carbides and was characterized by higher yield strength and with yield
strength/tensile strength ratio of 0.936. The difference in the tensile strength was insignificant for
the two coiling temperatures. The observed microstructure was consistent with the continuous
cooling transformation diagram.
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4.1

Introduction
There is currently a strong demand for ultrahigh strength steels for a wide range of

structural applications, including pipes for downhole applications [120,121]. Ultrahighstrength with a yield strength of greater than ~ 700 MPa is an important requirement
considered in such applications that require prolonged and uncomplicated use. Traditional
thermo-mechanical controlled processing (TMCP) is commonly employed to reﬁne the
microstructure together with the optimization of processing parameters such as ﬁnishing and
coiling temperature to obtain the desired mechanical properties [121,122]. Microalloyed
structural steels with a minimum yield strength of 350 and 460 MPa have been successfully
developed [123,124]. In recent years, quenched steels, quenched and tempered steels,
lamellarized and tempered processes, transformation-induced plasticity steels, and quenched
and partitioned processes and heat treatments [125-130] are also being developed to obtain
high strength in steels. In thermo-mechanically processed hot rolled steel strips, the
microstructure and mechanical properties are signiﬁcantly inﬂuenced by the process
parameters, such as rolling ratio, rolling temperature, cooling pattern, cooling rate, and the
coiling temperature. Among them, the inﬂuence of coiling temperature is considered to be
signiﬁcant [120,131] and the subject of interest of this work. Undoubtedly, controlling the
coiling temperature is the most economical and efﬁcient way to improve the properties of
microalloyed steels. Moreover, the coiling temperature has the advantage of governing the
precipitation of microalloying elements, such as Nb, V, Ti and Cu [132–135], which are
expected to play a strengthening role through nano-scale precipitation. It is shown clearly that
in Nb-Ti micro-alloyed steels, the precipitation of Nb and Ti is particularly sensitive to the
coiling temperature [136–140]. However, studies related to the optimization of mechanical
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properties through the control of coiling temperature in microalloyed steels are relatively
uncommon. In the present study, a low carbon Nb-Ti microalloyed steel was hot rolled and
coiled at two different temperatures. The key mechanical properties, namely, yield strength
and tensile strength are related to the microstructure to elucidate the effect of coiling
temperature. Toughness is not an aspect of concern given that the steel is processed for line
pipes for downhole applications. Only the elongation is of relevance. The ﬁndings from the
present study are expected to provide a fundamental basis for the development of high strength
hot-rolled steels where yield strength and tensile strength are important requirements.

4.2

Results and discussion

4.2.1 Cooling curve transformation and time temperature transformation diagrams
The CCT and TTT diagrams of the studied steel, as calculated by JMatPro are
presented in Figure 1. JMatPro assumes a grain size of 20 µm after austenitization at 900 °C.
The bainite starts temperature (Bs), and martensite (Ms) is 600 °C and 450 °C, respectively.
Figure 4.1 predicts that coiling at 600 °C and 520 °C, the corresponding transformation
products are ferrite or ferrite-pearlite (depending on the cooling rate) and bainite, respectively.
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4.2.2 Tensile behavior
Yield strength, tensile strength and, yield strength/tensile strength ratio of steels coiled
at two different temperatures are presented in Table 4.1. Coiling at 520 °C, the average yield
strength was ~ 633 MPa (91.8 ksi), and tensile strength was ~ 831 MPa (120.5 ksi). While
coiling at 600 °C, yield strength and tensile strengths were ~ 807 MPa (117 ksi) and ~ 862
MPa (125 ksi) respectively. The elongation was in the range of 13–15% in both the coiled
temperatures. Thus, there is a distinct and appreciable effect of coiling temperature,
particularly, on yield strength, but the difference in tensile strength was small. The signiﬁcant
difference in yield strength must be related to microstructural constituents.

4.2.3 General microstructure
Representative scanning electron micrographs (SEM) and bright ﬁeld transmission
electron micrographs (TEM) illustrating the general microstructure of investigated steels are
presented in Figures 4.2 – 4.8. Steel coiled at 520 °C predominantly consisted of bainite with
some polygonal ferrite, whereas steel coiled at 600 °C was largely characterized by polygonal
ferrite (also see below Figures 4.2 – 4.4). Based on CCT and TTT diagrams, nucleation of
martensite is not a possibility. The TEM micrographs of lower coiling temperature steel were
characterized by a dual-phase microstructure consisting of bainitic laths and polygonal ferrite
(Figures 4.3 and 4.4). The area fraction of polygonal ferrite and bainite estimated from a
number of micrographs was ~ 20–25% and ~ 75–80%, respectively. However, higher coiling
temperature steel primarily consisted of polygonal ferrite (Figure 4.3). The polygonal ferrite
grains were in the size range of ~ 1–2 µm containing a high density of dislocations. The width
of bainite laths was in the size range of ~ 0.5–1.0 µm. From TTT diagram (Figure 4.1b), it
is observed that bainite transformation occurs at 580 °C. Therefore, steel coiled at a lower
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temperature of 520 °C, the polygonal ferrite grains must have formed during the pre- coiling
process, while in the case of steel coiled at a higher temperature of 600 °C, the polygonal
ferrite grains nucleated during the coiling process, where the ferrite transformation occurs.
The higher coiling temperature condition processing had a larger ferrite grain size of 3–5 µm.
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Table 4.1. Average tensile properties for samples coiled at 520 °C and 600 °C.
Coiling Temperature: 520 °C

Coiling Temperature: 600 °C

Yield

Tensile

yield

%

Yield

strength

strength

ratio

Elongation strength

Tensile

yield

%

strength

ratio

Elongation

(TS/TS)
633

831

0.76

(TS/TS)
13-15

807

112

862

0.94

13-15

Figure 4.1. (a) Continuous cooling transformation diagram and (b) temperature-timetransformation diagram.
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Figure 4.2. Scanning electron micrographs of Ti-Nb microalloyed steels at different coiling
temperatures (a) 520 °C and (b) 600 °C.
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Figure 4.3. Bright ﬁeld transmission electron micrographs showing microstructure of Ti-Nb
microalloyed steel coiled at a temperature of 520 °C.
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4.2.4 TEM study of dislocation structure
Both low and higher temperature coiled steels exhibited a complex dislocation
structure (Figures 4.5 and 4.6). First, dislocation density was not uniform, even in the same
phase. There were some polygonal ferrite and bainitic laths with lower dislocation density,
while others had a high density of dislocations. Also, there were some grains, especially
bainitic laths, where a high density of dislocations was present in part of the lath, and the
remaining part was nearly free of dislocations. Similar behavior was observed in the previous
work on 770 MPa hot rolled Nb-Ti microalloyed steel [132,140]. In general, the bainitic lath
had a higher dislocation density because of lower coiling temperature. This non-uniform
dislocation density is likely to be a consequence of bainite transformation on continuous
cooling from the austenitic region. Irrespective of the above, dislocations in different phases
contribute to strength regarding dislocation hardening and also precipitation strengthening
because dislocations provide potential sites for nucleation of precipitates.
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Figure 4.4. Bright ﬁeld transmission electron micrographs showing microstructure of Ti-Nb
microalloyed steel coiled at a temperature of 600 °C.
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Figure 4.5. Bright ﬁeld transmission electron micrographs illustrating dislocation structure in TiNb microalloyed steel coiled at a temperature of 520 °C.
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Figure 4.6. Bright ﬁeld transmission electron micrographs illustrating dislocation structure in TiNb microalloyed steel coiled at a temperature of 600 °C.
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Figure 4.7. (a–d) Bright ﬁeld transmission electron micrographs showing the precipitation
distribution in Ti-Nb microalloyed steel coiled at a temperature of 520 °C and (e) EDS spectrum
results illustrating the presence of Ti and Nb precipitates in the steel.
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Figure 4.8. Bright ﬁeld transmission electron micrographs showing the precipitates distribution in
Ti-Nb microalloyed steel coiled at a temperature of 600 °C.
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4.2.5 TEM study of precipitation behavior
In the studied steel, Nb and Ti were added from the point of view of grain reﬁnement
and precipitation strengthening. Both Nb and Ti are known to reﬁne the austenite grain size
via precipitation that prevents grain growth through the pinning effect. The distribution of
precipitates as observed in electron transparent foils via TEM are presented in Figures 4.6 and
4.7. Figures 4.6 and 4.7 indicate that nanosized spherical precipitates nucleated at dislocations
in the ferrite matrix. The size of spherical precipitates was in the range of ~ 2–10 nm and
consisted of (Nb, Ti)C. A representative EDS spectrum is presented in Figure 4.7. (Nb, Ti)C
precipitates are not surprising because according to solubility calculations, micro-alloying
elements Ti and Nb are interchangeable in the precipitate lattice because of similarity in the
crystal structure and lattice parameter, and is discussed in detail elsewhere [137]. Based on
previous studies [132,138], the ﬁne nanosized precipitates nucleated during the coiling process
are expected to induce signiﬁcant strengthening in steel. On comparing the precipitation
behavior at different coiling temperatures, it was clear from detailed electron microscopy of
a number of foils that the precipitation in polygonal ferrite grains appeared to be more when
the steel was coiled at 600 °C as compared to coiling at 520 °C. The difference in the
precipitation behavior can be attributed to the kinetics of precipitation and highly dislocated
structure of a large number of ferrite grains, where dislocations provide potential sites for
precipitation to occur.
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4.3

Discussion
In the hot-rolled microalloyed steels, the interstitial elements such as carbon and

nitrogen play a signiﬁcant role in strengthening through carbides or carbonitrides in
microalloyed steels [139]. This effect is particularly more pronounced in Nb and Ti
microalloyed steels. After ﬁnish rolling, the high content of interstitial elements in solution is
precipitated during the coiling process. Riccardo Riva [136] suggested that higher coiling
temperature enables extensive precipitation of the interstitial elements in the matrix, while
the lower coiling temperature keeps them in solution. Thus, relatively higher yield strength is
expected to be obtained at higher coiling temperature because of a high fraction of
precipitates. The low coiling temperature steel indicated lower yield strength, though the
tensile strength was similar to the high temperature coiled steel. This can be explained as
follows. Coiling of steel in the bainite temperature range (low coiling temperature) leads to
the higher volume fraction of bainite and low fraction of polygonal ferrite, such that the higher
volume fraction of bainite contributes to tensile strength. As regards, the low yield strength
of steel coiled at a lower temperature, the dislocation accumulation (just before yielding) in
the ferrite phase is higher because of a lower content of ferrite phase than in the high coiling
temperature steel, such that it yields ﬁrst. According to the CCT and TTT diagrams, the
bainite transformation occurs at lower coiling temperature. Thus, the predominantly bainite
microstructure obtained at low coiling temperature steel contributed to increasing the tensile
strength.
The study underscores that dislocation accumulation prior to yielding in polygonal
ferrite in a microstructure consisting of predominantly bainitic ferrite (and less polygonal
ferrite) contributes to tensile strength, but low yield strength. On the other hand, a structure
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predominantly consisting of polygonal ferrite can result in high yield strength because of
signiﬁcant precipitation of ﬁne carbides in ferrite.

4.4

Conclusions
The structure-mechanical property relationship (yield strength and tensile strength) in

low carbon steel microalloyed with Nb and Ti was studied at two different coiling
temperatures. Coiling at low temperature led to a microstructure consisting of predominantly
bainitic ferrite (and low fraction of polygonal ferrite). On the other hand, coiling at a high
temperature, the microstructure was characterized by polygonal ferrite. The differences in
coiling temperature were responsible for the variation in yield strength of microalloyed steel.
The accumulation of dislocations prior to yielding of steel with a small fraction of polygonal
ferrite was responsible for the low yield strength of steel, while the high bainite fraction
contributed to tensile strength.
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CHAPTER 5: A STUDY OF DIFFERENCE IN MICROSTRUCTURAL
AND MECHANICAL PROPERTIES OF CHANGE IN
THERMOMECHANICAL PROCESSING PARAMETER: COOLING
TEMPERATURE
Abstract
The process parameters associated with thermo-mechanical controlled processing (TMCP)
of steels play an important role in influencing the ultimate mechanical properties. The study of
TMCP parameters has not received the required attention. In this regard, this chapter discusses the
impact of finish cooling temperature on interrupted cooling and compare with continuous cooling
on microstructural evolution and precipitation behavior and associated mechanical properties in
Ti-Nb microalloyed steels. The microstructural evolution was studied via transmission electron
microscopy and electron backscattered diffraction (EBSD). The microstructure of continuously
cooled and interrupted cooled steels with different finish temperatures consisted of
polygonal ferrite, bainite, and martensite/austenite constituent. However, the fraction of different
microstructural constituents was different in each of the experimental steels.
Also, there were differences in the distribution and average size of (Nb, Ti)C precipitates. The
aforementioned differences in the microstructure and precipitation introduced differences
in tensile properties. Furthermore, electron backscattered diffraction studies indicated distinct
variation in average grain area and high angle boundaries between continuously cooled and
interrupted cooled steels.
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5.1

Introduction
High strength low alloy (HSLA) steels are widely used for the pipeline, building, bridges,

and ships because of their potential to obtain high strength-toughness combination [141]. Superior
and desired mechanical properties can be obtained through optimization of alloy design together
with thermo-mechanical controlled processing (TMCP) [142–145], involving grain reﬁnement,
microstructural control, and precipitation strengthening. The carbide forming elements, Ti and Nb,
enable grain reﬁnement and contribute to dispersion hardening through precipitation of carbides
at the grain boundaries and in the matrix. However, the relative contribution of microalloying
elements on strength is governed by the solubility of carbides in the microstructure. Ti is
advantageous because it combines with nitrogen at relatively high temperatures and restricts grain
growth, while, Nb effectively retards recrystallization during hot rolling leading to grain
reﬁnement. Moreover, both Ti and Nb can precipitate as carbides from the supersaturated ferrite
solid solution during austenite to ferrite transformation, increasing strength.
In the present study, we focus on the effect of ﬁnish rolling exit temperatures on the
microstructural evolution and precipitation behavior in a Ti-Nb microalloyed steel that was
subjected to interrupted cooling and the behavior is compared with a continuous cooling
counterpart. The contribution of different processing conditions on microstructure and mechanical
properties is elucidated.
The microalloyed steels discussed here were continuously cast and hot rolled to the desired
thickness. The experimental conditions for the three steels were as follows:
a) Continuous Cooling (CC): ﬁnish rolling temperature of 910 °C, continuously cooled and
coiled.
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b) Interrupted Cooling (IC910): ﬁnish rolling temperature of 910 °C, subject to interrupted
cooling at ~ 600–650 °C on the run-out-table and coiled.
c) Interrupted Cooling (IC820): ﬁnish rolling temperature of 820 °C, subjected to interrupted
cooling at ~ 600–650 °C on the run-out-table and coiled.

5.2

Results

5.2.1 Tensile behavior
The tensile properties are summarized in Table 5.1. The yield strength of microalloyed
steels followed the sequence: IC910 > CC > IC820, while the tensile strength obeyed the
following: CC = IC910 > IC820. Based on the data and summary presented in Table 5.1, IC910
was characterized by superior yield strength and tensile strength, while IC820 exhibited the lowest
yield and tensile strength, with CC steel having tensile properties intermediate between IC910 and
IC820.
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Table 5.1 Summary of tensile properties and microstructure of differently cooled micro-alloyed
steels.

Yield strength

Continuous cooling
(CC) FT¼910 °C
635 MPa (92 ksi)

Interrupted cooling
(IC)FT¼910 °C
654 MPa (95 ksi)

Interrupted cooling
(IC)FT¼820 °C
623 MPa (90 ksi)

Tensile strength

809 MPa (117 ksi)

800 MPa (116 ksi)

758 MPa (110 ksi)

Microstructure

Ferrite + Bainite + Ferrite + Bainite + Ferrite + Bainite +
M/A

Precipitation

Low

some M/A
density

non-uniform

and High

density

uniform
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M/A
and High

density

non-uniform

and

5.2.2 General microstructure
The microstructure of CC steel is presented in Figure 5.1 (SEM) and Figures 5.2 and 5.3
(TEM). The microstructure of CC steel consisted of polygonal ferrite and bainite together with
martensite/austenite (M/A) constituent (marked in Figures 5.1 and 5.2). Polygonal ferrite
contained a high density of dislocations (Figure 5.2(c)), and bainite morphology was lath-like with
many dislocations (Figure 5.2(a) and (b)). Examples of M/A islands as observed in TEM are
presented in Figure 5.2(d). The size of M/A island was ~0.2–3 µm. Film-like M/A was present
between bainite laths (marked with an arrow in Figure 5.2(b)). Precipitation behavior as imaged
on carbon extraction replica in TEM is presented in Figure 5.3. The size of precipitates was in the
range of ~2–5 nm. From the EDS results, we conﬁrmed that the precipitates were (Nb, Ti)C. A
detailed description of precipitation is presented in Section 5.4.3.
The microstructure of IC910 is presented in Figure 5.4 (SEM). The microstructure of IC910
consisted of ferrite and bainite, with bainite being the dominant phase. M/A islands were too small
to observe in SEM. However, ﬁlm-like M/A was observed in TEM (marked with an arrow in
Figure 5.5). Bainite morphology was lath-like with a high density of dislocations (Figure 5.5(a)
and (b)). The diameter of (Nb, Ti)C precipitates in IC910 was in the range of ~ 2–20 nm, and larger
than the CC steel (Figure 5.6).
There were signiﬁcant differences between the microstructure of CC and IC910 steels
with IC820 steel (Figure 5.7 (SEM) and Figures 5.8 and 5.9 (TEM)). The microstructure of
IC820 also consisted of polygonal ferrite, bainite, and M/A islands. However, in contrast
with CC and IC910, the polygonal ferrite in IC820 appeared like bands, separated by bainite
bands, and the grain boundaries of polygonal ferrite in IC820 were distinct compared to CC
and IC910. In some regions, M/A islands were located between bainitic lath (Figure 5.8),
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Figure 5.1. Low and high magniﬁcation electron micrographs of continuously cooled (CC)
microalloyed steel.
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Figure 5.2. Transmission electron micrographs of continuously cooled (CC) microalloyed steel.
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and the size of M/A island was smaller than in CC. Bainite morphology was lath-like with
many dislocations. Non-uniform precipitation of (Nb, Ti)C in size range of ~2–20 nm
occurred in IC820 (Figure 5.9). Table 5.2 summarizes the constituents of the microstructure
in the three samples.

5.3

Discussion

5.3.1 Ferrite morphology and formation of martensite-austenite islands
JMatPro was used to calculate the CCT diagram. The diagram of CC and IC910 is expected
to be similar because of similar rolling practice and identical ﬁnishing rolling temperature and is
presented in Figure 5.10(a). JMatPro assumes the austenite grain size of 30 µm on austenitization
at 910 °C. As illustrated in Figure 5.10, CC steel after ﬁnish rolling at 910 °C and cooling to room
temperature, the cooling curve passes through ferrite and bainite transformation (BS – bainite start
temperature) but does not pass through the ﬁnish curve of bainite transformation (Bf). Thus, in CC
steel besides ferrite and bainite transformation, martensite transformation also occurred, consistent
with the microstructure of CC (Figures 5.1 and 5.2). In CC steels, the majority of M/A islands
were present adjacent to polygonal ferrite. Given that the sequence of transformation follows the
order: ferrite, bainite, martensite, thus, once ferrite is nucleated at the austenite grain boundary,
carbon diffuses from ferrite to adjacent austenite during transformation. From the CCT curve, the
transformation is expected to occur below 720 °C. At this temperature and short time during
continuous cooling, there is inadequate time for homogenization of carbon. Thus, carbon- enriched
austenite zones in the vicinity of ferrite grains, have two options on cooling through the bainite
transformation regime. First, austenite transforms to bainite with the same variant selection as the
adjacent ferrite grains [146], which is promoted by lower phase boundary energy. If bainite
132

transformation is not completed, then untransformed austenite will transform to M/A. The second
option is that the bainite transformation is restrained because higher carbon content increases the
stability of austenite such that the bainite transformation is delayed. On cooling through martensite
transformation temperature, the carbon-enriched untransformed austenite transforms to M/A.
Thus, M/A was present adjacent to polygonal ferrite grains.
Moreover, bainite transformation occurs close to prior transformed ferrite, and the volume
expansion associated with bainite transformation introduces strain in the adjacent ferrite grain,
producing dislocations in ferrite.
In IC910 steel with interrupted cooling between ferrite-bainite region (as interpreted from
the observed microstructure), there should be no or very little M/A constituent. The cooling
procedure of IC820 was identical to IC910, except for the difference in the ﬁnish rolling
temperature of 820 °C. Thus, their CCT curves were slightly different. Assuming the austenite
grain size of 20 µm, JMatPro software was used to calculate the CCT curve of IC820 (Figure
5.10(b) (red line)). The curve corresponding to the commencement of ferrite shifted left, and
bainite transformation temperature shifted right. The Ac3 of steel was 840 °C (calculated by
JMatPro). We know that elements such as carbon will concentrate in different phases in the twophase region and increases the stability of austenite, such that the transformation of ferrite and
bainite is delayed, with the curve shifting to the right. At identical interrupted cooling temperature,
it is likely, that the steel encounters less time in the ferrite region and enters into the bainite region
earlier because of which the bainite content was found to be higher and M/A constituent to be less
in IC910. A schematic of the interrupted cooling path is presented in Figure 5.10(b).
Furthermore, given that at lower temperatures, when the movement of dislocations is
reduced, more dislocations are stored in austenite of IC820 than IC910 and CC steel. Also, the
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transformation of γ-FCC to α-BCC is encouraged, because the high energy stored in austenite
promotes nucleation of ferrite. When ferrite grows, bands of ferrite are formed, and the
untransformed region is separated by ferrite bands, and the untransformed austenite transforms to
bainite. This is likely to be the reason for band-like ferrite delineated in Figure 5.7. Martensite
islands were located between bainite laths, and adjacent to ferrite in IC820 for reasons discussed
above.
In IC820, strain experienced by ferrite grains due to bainite transformation expansion is
expected to be higher, while grains that are some distance away from bainite will be less. Thus,
ferrite grains had varying dislocation density.
The martensite islands are clearly illustrated in Figure 5.11, the darker region in Figure
5.11(a) and (b) are martensite islands. Considering that EBSD is sensitive to the stress in the matrix
[147], it is clear that martensite islands have higher stress [148], and appear dark gray in the EBSD
map. The cooling path of CC and IC820 steel samples may be far away from the ﬁnishing curve
of bainite transformation (Bf). Thus, the amount of martensite in the three samples followed the
sequence CC > IC820 > IC910.
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Figure 5.3. (a, b) Transmission electron micrographs showing precipitation of (Nb, Ti)C as
observed on carbon extraction replica of continuously cooled (CC) microalloyed steel and (c) EDS
spectra of the precipitate.
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Figure 5.4. Low and high magniﬁcation scanning electron micrographs of microalloyed steel,
IC910.
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5.3.2 High angle and low angle grain boundary analysis
It is well known that high angle grain boundary (HAGB) contributes to toughness
[149,150]. While toughness is not a subject of discussion here, it is appropriate to describe
the analysis of grain boundaries. Illustrated in Figure 5.12(a), (d) and (f) is the inverse pole
ﬁgure (IPF). IPF represents the crystallographic orientation of every point according to the
sample coordinate system. In this map, different colors represent different orientations, and
we can easily distinguish the different orientation of grains. Grain boundary and band contrast
(BC) map are presented in Figure 5.12(b), (e) and (h). It may be noted that compared with
CC and IC910, the density of HAGB (> 15°, the blue line showed in Figure 5.12(b), (e) and
(h)) in IC820 was less. The statistical results of grain boundary are presented in Figure 5.12(c),
(f) and (i) and Table 5.2. The x-axis of Figure 5.12(c), (f) and (i) is grain boundary angle,
and y-axis is fraction or frequency of occurrence. There are two peaks in the distribution
curves of the three samples, where the right peak is in HAGB region. From the trend line in
Figure 5.12, the right peak of IC820 is the smallest, and the statistical results in Table 5.2
indicate that the grain boundary angle distribution between 15° and 45° of IC820 was higher
than CC and IC910, but the distribution greater than 45° was lowest. This behavior is clear in
Figure 5 . 12. We can conclude that the grain boundary angle of a band like polygonal ferrite
in IC 820 was between 15° and 45°. This is because more ferrite grains will decrease the
HAGB density. CC and IC910 had the highest density of HAGB. However, the distribution
of HAGB was inhomogeneous. In some regions, HAGB density was very high and in some
regions was relatively low, where the low density is due to polygonal ferrite, and high density
is related to bainite. M/A islands are located in the high-density region. This is because
transformation during cooling occurred at different temperatures. Some regions transformed
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at a relatively higher temperature, while others transformed at a lower temperature in CC and
during holding time in IC910 and IC820.
We calculated the grain size (average grain area) deﬁned by a different angle of grain
boundary: 2.5 – 15° and > 15° (Table 5.2). It may be seen that the density of HAGB follows the
sequence: IC910 = CC > C820, and the grain size (average grain boundary area for > 15°)
followed: IC820 > CC = IC910. The difference between IC910 and CC is small, while the grain
size (average grain boundary area deﬁned by 2.5–15°) for three steels was not very different.
The density of HAGB in IC820 was signiﬁcantly less than IC910, and the grain size
(average grain boundary area deﬁned for > 15° was 13 mm2) was signiﬁcantly higher than CC and
IC910 steels. This is because of a high fraction of ferrite grains in IC820 and HAGB density in
ferrite grains is less.
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Figure 5.5. Transmission electron micrograph of microalloyed steel IC910.
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Figure 5.6. Transmission electron micrographs of precipitation as observed on carbon extraction
replica of microalloyed steel, IC910.
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Figure 5.7. Low and high magniﬁcation scanning electron micrographs of microalloyed steel,
IC820. B – bainite, F – ferrite.
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Figure 5.8. Transmission electron micrographs of microalloyed steel, IC820.
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Figure 5.9. Transmission electron micrographs of precipitation as observed on carbon extraction
replica of microalloyed steel, IC820.
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Table 5.2 Grain boundary distribution and HAGB density in differently cooled microalloyed steel.

Grain

Grain boundary

Average

Average

Average

Length of

distribution

grain

grain

grain

HAGB/area

boundary

area

area

(μm/

angle (°)

(μm2)

(μm2)

μm2)

2.5–15°

415°

415°

0–15°

15–45°

445°

CC

0.49

0.11

0.40

27.1

2.070.1

9.070.3

0.67

IC910

0.48

0.12

0.40

27.3

1.670.2

8.270.4

0.78

IC820

0.44

0.23

0.34

27.3

3.270.1

13.070.2

0.59

boundary
angle
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Figure 5.10. (a) CCT diagram calculated by JMatPro, without consideration of strain energy and
(b) CCT diagram considering strain energy and composition change.
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Figure 5.11. EBSD-BC map of (a) CC, (b) IC910 and (c) IC820 steels.
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5.3.3 TEM study of precipitation analysis
Nb and Ti were added for grain reﬁnement and precipitation. Signiﬁcant precipitation of
(Nb, Ti)C was observed in all the three samples. The size and frequency of distribution of
precipitation in the three samples are illustrated in Figure 5.13. The average diameter of
precipitates in CC was 2.18 nm, IC910 5.72 nm, and IC820 7.86 nm. During continuous cooling
(CC), there is inadequate time for the precipitates to grow in size. In IC910, the precipitate density
was relatively greater than CC steel because of interrupted cooling and the largest size of
precipitates observed was ~ 20 nm, with an average size of 5.72 nm. Similarly, in IC820, the
precipitation was less uniform, and the average particle size was 7.86 nm.
If we compare Figure 5.13 (b) and (c), 68% precipitates in IC910 was less than ~6 nm in
diameter. However, in IC820, only 33% of precipitates were below ~ 6 nm, and 60% of the
precipitates were between 6 and 12 nm. Given that the holding time and temperature were identical
for IC910 and IC820, the different size of precipitates is related to their nucleation time. If
precipitation occurs earlier, they grow in size, otherwise, they will be small. As discussed above,
nucleation of precipitates in IC820 is expected to be easier because of high strain energy. As
regards relatively less precipitation and larger size in IC820 the reason is as follows: signiﬁcant
precipitation already occurred at a high density of dislocations at an earlier stage, hence during
interrupted cooling, there was reduced precipitation and growth of existing precipitates took place.
The opposite was the case for IC910, where there was less precipitation at a relatively lower
density of dislocations, such that on interrupted cooling, more precipitation occurred, and the
average size of precipitates was small.
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Figure 5.12. EBSD-IPF (inverse pole ﬁgure) map of (a) CC, (d) IC910 and (g) IC820; EBSD-BC
(band contrast) and grain boundary map of (b) CC, (e) IC910 and (h) IC820; 15° 4red line 42.5,
blue line 415°; Misorientation distribution of (c) CC, (f) IC910 and (i) IC820.
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5.3.4 Strength contribution of precipitates and microstructure
The microstructure of CC steel consisted of polygonal ferrite with dislocations, lath bainite,
and a high fraction of M/A islands and relatively low density of small size precipitates. This
microstructure had high tensile strength because of a high fraction of M/A islands and bainite
content, while yield strength was intermediate between IC910 and IC820.
The microstructure of IC910 steel consisted of polygonal ferrite with dislocations, lath
bainite, and high density of small-size precipitates. The high yield strength is attributed to
precipitation and a high fraction of bainite. The high tensile strength is also related to bainite.
The microstructure of IC820 steel comprised of a high fraction of polygonal ferrite with
dislocations, a lower content of lath bainite, and the average size of precipitates was large, and
constituent M/A was less. Thus, it had the lowest yield and tensile strength.
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Figure 5.13. Precipitate size distribution and average particle size for (a) CC (b) IC910, and (c)
IC820. The histograms are plotted on an identical.
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5.4

Conclusions
The ﬁnish rolling temperature prior to interrupted cooling signiﬁcantly impacted the

ultimate microstructure and corresponding tensile properties, which were different from
continuous cooling.
At high ﬁnish rolling temperature with interrupted cooling, the microstructure consisted of
polygonal ferrite, a high fraction of bainite and a small fraction of ﬁlm-like M/A constituent.
However, when the ﬁnish temperature was reduced, bands of polygonal ferrite and bainite were
observed with a relatively high fraction of M/A. The behavior of interrupted cooled steels was
different from continuous cooled steel, where a high fraction of M/A islands was observed between
bainite laths.
The density of precipitation of (Nb, Ti)C followed the sequence: IC910 > IC820 > CC such
that the yield strength was maximum for IC910. The high yield strength is also attributed to
transformation hardening (bainite transformation).
EBSD studies indicated differences in average grain area for CC, IC910, and IC820 steels,
for misorientation angle 2.5 – 15° and > 15°. The signiﬁcant difference in the density of HAGB
was observed for the experimental steels. The maximum density of HAGB was observed for
IC910 steel with high bainite content.
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CHAPTER 6: A BRIEF STUDY ON THE PRECIPITATION BEHAVIOR
BY ALTERING THE ALLOY CHEMISTRY OF LINEPIPE STEEL
Abstract
Carbon and niobium (Nb) play an important role in inﬂuencing the ultimate microstructure and
mechanical properties. In this regard, in this chapter the impact of carbon and Nb on the
microstructural evolution and precipitation behavior during continuous cooling of industrially
processed microalloyed steels with varying carbon and Nb-content. The microstructure and
precipitation evolution were studied via electron microscopy and related to the outcome of the
thermodynamic simulation. The increase of carbon content in steel increased the precipitation
temperature of (Nb, Ti)(C, N), which led to a relatively larger size (Nb, Ti)(C, N) precipitates.
Furthermore, high carbon content contributed to the stabilization of austenite and delayed the
transformation of ferrite and bainite, such that martensite/austenite content (M/A) was obtained.
The M/A islands in high carbon-containing steel contributed to the highest strength and
intermediate elongation. The high degree of (Nb, Ti)(C, N) precipitation in steel contributed to
reﬁnement of prior austenite grain size, and strain accumulation, which increased ferrite and
bainite start transformation temperature, resulting in higher volume fraction of polygonal ferrite.
Polygonal ferrite in steel with high Nb-content was responsible for relatively low strength in
comparison with steels with higher carbon or intermediate carbon-Nb contents. Granular bainite
and lath bainite in steel with intermediate C and Nb-contents were characterized by the best
combination of strength and elongation. The outcomes of the thermodynamic simulations were
consistent with the experimentally observed microstructure.
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6.1

Introduction
High strength low-alloy (HSLA) steels are widely used for pipelines, buildings, bridges,

and ships because of their potential to obtain high strength-toughness combination [161]. Desired
mechanical properties can be obtained through optimization of alloy design and thermomechanical
controlled processing (TMCP) [162–165], involving grain reﬁnement in conjunction with
microstructural control and precipitation strengthening. The microalloying elements, Ti and Nb,
enable grain reﬁnement and also contribute to precipitation hardening. Ti is beneﬁcial because it
combines with nitrogen at relatively high temperatures and restricts grain growth, while, Nb
eﬀectively retards recrystallization during the hot rolling process leading to grain reﬁnement.
Moreover, both Ti and Nb can precipitate as carbides from the supersaturated ferrite solid solution
during austenite-to-ferrite transformation, increasing strength. However, the relative contribution
of microalloying elements on strength is governed by the impact that carbon-content may have on
the precipitation behavior and transformation products.
In the present study, we underscore the eﬀect of carbon and niobium on the precipitation
behavior and microstructural evolution and their consequent impact on mechanical properties. The
microstructural evolution as a function of carbon and niobium content was theoretically simulated
and compared with the experimental ﬁndings.
1. The weight percentage of Nb was increased from ~0.045 to ~0.063, and ~0.075 wt.%
in one of the two kinds of steel cast and,
2. The other with a change in C content from 0.046 wt.% to 0.096, and 0.093 wt.%.
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Table 6.1 The chemical composition of experimental steels (wt%).
Samples

C

Mn

Si

Cr

Nb

Ti

N

Steel (A)

0.046

1.87

0.35

0.4

0.042

0.120

0.004

Steel (B)

0.096

1.91

0.37

0.39

0.048

0.126

0.004

Steel (C)

0.049

1.942

0.37

0.396

0.063

0.11

0.004

(A) – Base Steel, (B) – High carbon – low niobium steel, (C) – Low carbon – high niobium steel
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6.2

Results

6.2.1 Tensile behavior
The tensile test results of the three experimental steels are summarized in Table 6.2. The
increase in yield and tensile strength followed the sequence: steel B (YS: 137 ksi (945 MPa), TS:
143 ksi (986 MPa)) > steel A (YS: 122 ksi (841 MPa), TS: 130 ksi (896 MPa)) > steel C (YS: 112
ksi (772 MPa), TS: 124 ksi (855 MPa)). Thus, steel B had the highest strength, followed by steel
A and C. The elongation was highest for steel A, followed by steels B and C.
While the ductility followed the sequence: steel A (24.3%) > steel B (18.4%) > steel C
(11.2%). Highest percentage of elongation was noted in the base metal (25.3 % and 23.1 % for
steel A), averaging ~24% followed by the high C microalloyed steel (19 % and 16.5 % for steel
B) with an average of ~18%, then for the high Nb microalloyed steel (10.3 % and 11.5 % for steel
C) with the average of around 11%.
Young’s modulus of steel increased when Nb content was increased. Based on the evidence
provided, it is clear that the high C microalloyed steel has superior yield and tensile strength with
optimum elongation. The high Nb microalloyed steel exhibits inferior mechanical properties
compared to base metal, and high C steels. Thus, increasing Nb content had decreased the tensile
properties which reflected on the microstructural constituents.
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Table 6.2 The tensile properties of experimental steels.
Samples

Yield strength (ksi)

Tensile strength (ksi)

Total elongation (%)

(MPa)

(MPa)

Steel (A)

122 (841)

130 (896)

24.3

Steel (B)

137 (945)

143 (986)

18.4

Steel (C)

112 (772)

124 (855)

11.2

(A) – Base Steel, (B) – High carbon – low niobium steel, (C) – Low carbon – high niobium steel
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6.2.2 General microstructure
Light micrographs of base steel A are presented in figure 6.1. As marked in Figure 6.1, the
matrix of steel A consisted of ~40% lath bainite and ~60% granular bainite with lath bainite being
the predominant constituent. Granular bainite was located between the bainite laths. Polygonal
ferrite was not observed. The morphology of lath bainite and granular bainite as imaged via SEM
are illustrated in figure 6.2. Figure 6.2 did not indicate the presence of cementite either in granular
bainite or lath bainite. Both types of bainite were cementite-free and are attributed to relatively
low carbon-content in steel A. The lath-like bainitic ferrite, and granular bainite both contained a
high density of dislocations (figure 6.3). Precipitates of size less than 10 nm were observed in
granular bainite, pinned by dislocations (figure 6.3 (c)).
The microstructure of steel B with higher C – content consisted of ~ 85% granular bainite,
~ 10% lath bainite and ~ 5% martensite/ austenite (M/A) island. As illustrated in figure 6.4, the
majority of bainite in steel B was granular bainite (marked in figure 6.4 (b)), and an only small
amount of lath bainite was present in the vicinity of granular bainite (marked in figure 6.4 (a)).
Granular bainite in steel B, when observed under SEM (figure 6.5 (a) (b)) indicated absence of
cementite in a manner similar to steel A, even though the carbon content in steel B was higher than
steel A. M/A islands were observed near granular bainite, as marked in figure 6.5 (c) (d). The
microstructure as imaged via TEM is illustrated in figure 6.6. The high density of dislocations was
present in lath bainite, and the width of lath bainite was ~200 – 500 nm (figure 6.6 (a) (d)). Granular
bainite (figure 6.6 (c) (e) (f)) contained high density of dislocations. M/A islands located in
granular bainite (marked in figure 6.6 (c) (e)), had an extremely high density of dislocations and
appeared dark in TEM. Similar microstructure has been identiﬁed as M/A island in previous
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studies [166,167]. A number of particles of size ~ 100 – 300 nm were observed in steel B (circled
in figure 6.6 (a) (b) (f)) and are discussed below.
The microstructure of steel C with high Nb-content consisted of polygonal ferrite and
granular bainite. The morphology of polygonal ferrite and granular bainite as observed via light
microscope and SEM are illustrated in figures. 6.7 and 6.8. The volume fraction of polygonal
ferrite and granular bainite was ~ 40% and ~ 60% respectively, and no cementite was found under
light microscope and SEM. The morphology of granular bainite in steel C is illustrated in figure
6.8 (a) (b). Polygonal ferrite was surrounded by bainite. Polygonal ferrite is relatively bright in
TEM and was characterized by low dislocation density, while a high density of dislocations was
present in granular bainite (figure 6.9). High C microalloyed steel was also similar to base
microalloyed steel comprising of bainite and M/A islands, but the difference was that the M/A
islands were much more dominant than in the high Nb microalloyed steel. M/A islands were found
to be located between the bainite bands. Thus, an increase in C content did not bring drastic
changes in the microstructure of the steel, but it increased the volume fraction and the size of M/A
islands. High C microalloyed steel was found to be comprising the largest amount of M/A islands
than other steels. The area fraction of M/A islands alone in high C steels, calculated through ImageJ
software was approximately 5%.
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Figure 6.1. Light micrographs of base steel A.
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Figure 6.2. SEM micrographs showing bainite microstructure in base steel A.

160

6.2.3 TEM study of carbon extraction replica
TEM studies of carbon extraction replica of steels A and B are presented in figures 6.10
and 6.11, respectively. The precipitates observed in steel A are illustrated in figure 6.10. The size
of precipitates in figure 6.10 (a) (c) was in the range of ~ 50 – 150 nm, and in figure 6.10 (b) was
~ 10 nm. EDS of precipitates is presented in figure 6.10 (d), Nb, Ti, and Cr were present in
precipitates. Although the precipitates in steel A were classiﬁed into two diﬀerent sizes, their
chemical composition was similar. The precipitates were identiﬁed as (Nb, Ti) (C, N). Cr in Figure
6.10 (d) is from the Cr-content specimen holder of TEM. Bainite microstructure was found with a
high density of dislocations separated by definite boundaries.
In steel B, with high carbon content, a number of precipitates of diﬀerent size and shape
were observed. As illustrated in figure 6.11 (a) (c), irregular-shaped precipitates of size ~ 50 – 400
nm were observed, and are similar to those circled in figure 6.6. The chemical constituents as
identiﬁed by EDS (figure 6.11 (e) were Cr and Mn-rich iron precipitates. The selected area
diﬀraction pattern in figure 6.11 (c) conﬁrmed the presence of cementite containing Mn and Cr.
The cementite appeared as a necklace or as a row of precipitates. They are most likely to have
nucleated at grain boundaries. Besides cementite, small precipitates of size ~10 nm were observed
(figure 6.11 (c) (d)), containing Nb, Ti and C based on EDS analysis (figure 6.11 (f). These small
size precipitates were identiﬁed as (Nb, Ti) C. The presence of bainite in high C microalloyed steel
(B) was also confirmed in this analysis as shown in figure 6.5. Examples of M/A islands located
between bainite laths, as observed in TEM are also presented in the same figure. The size of these
M/A islands was found to be ~ 0.5 – 3 µm.
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In steel C with high-Nb content, a high density of precipitates of size ~ 10 nm was observed
(figure 6.12). The distribution of precipitates was fairly uniform. The morphology and size of these
precipitates were similar to the small precipitates in steel B and were (Nb, Ti)C. The density of
very ﬁne precipitates in steel C was highest among the three steels. The interaction between
precipitates and dislocations is presented in figure 6.12 (a) (b), which shows (Nb, Ti)C precipitates
on dislocations. It is clear that the density of dislocations in ferrite microstructure was lesser than
the density of bainite. No large size cementite was observed in the microstructure. The figures also
show the presence of NbC precipitates stopping the dislocation motion leading to a high density
of dislocations around the precipitates. The accumulation of dislocations increases strain energy
which contributes to precipitation strengthening of the steel as explained by Orowan looping
mechanism in Equation (1).

σppt = [(10.8 vf1/2)/ X] ln [X/(6.125 x 104)]

(1)

where σppt is the precipitation strengthening, vf is the volume of a given precipitate size, and X is
the size of the precipitates in microns [173].
The size and frequency of distribution of precipitation in the three steels are presented in
figure 6.13. As presented in figure 6.13 (a), the size of precipitates in steel A was in the range of
2 – 150 nm. Precipitates of size ~ 5 – 10 nm had the highest density. The size of precipitates in
steel B was in the range of 1 – 400 nm (figure 6.13 (b) (d)), and precipitates of size ~ 2 – 20 nm
had the highest density. The size of precipitates in steel C was in the range of 1 – 20 nm (figure
6.13 (b) (d)), and precipitates of size ~10 nm had the highest density.
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Figure 6.3. TEM micrographs showing bainitic microstructure in base steel A.
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Figure 6.4. Light micrographs of high carbon-low Nb steel B.
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Figure 6.5. SEM micrographs showing bainite and M/A constituent in high C-low Nb steel B.
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Figure 6.6. TEM micrographs showing bainite microstructure in steel B with high carbon and low
Nb content.
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Figure 6.7. Light micrographs of steel C with higher Nb-content.
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Figure 6.8. SEM micrographs showing bainite and ferrite microstructure in steel C with higher
Nb-content.

168

Comparing the precipitation density of the three steels in figure 6.13, it can be concluded
that the average size of precipitates was highest in steel B and smallest in steel C, and steel A had
the lowest density of precipitates, but very ﬁne precipitates. The density of small-sized precipitates
followed the sequence: steel C > steel B > > steel A and the size of precipitates followed the
sequence: steel B > steel A > > steel C.

6.3

Discussion

6.3.1 Structure-property relationship
The dislocation density in bainite and martensite has been previously studied [168–171].
The dislocation density in bainite was ~ 0.37 – 1.7×1014 m−2 and increased with the content of
alloying elements and decrease in transformation temperature. The dislocation density in
martensite was ~ 10 – 100×1014 m−2 signiﬁcantly higher than bainite, and consequently greater
hardness and contribution to strength.
The yield the strength of three steels followed the sequence: steel B > steel A > steel C.
The microstructure of steel B was lath bainite, granular bainite, M/A islands and high density of
relatively large precipitates. The microstructure of steel A was lath bainite, granular bainite and
low density of precipitates. The strength of steel B was higher than steel A because of bainitic
structure and high hardness of M/A islands. The microstructure of steel C was polygonal ferrite,
granular bainite and high density of precipitates. Although steel C had the highest density of
precipitates among all the three steels, polygonal ferrite with a low density of dislocations did not
signiﬁcantly contribute to strength as compared to bainite. This is the reason for steel C to have
the lowest strength among all the three steels.
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Coiling of steel in the bainite temperature range (low coiling temperature) leads to the
formation of the higher volume fraction of bainite and low volume fraction of ferrite. This fraction
of bainite contributes to higher mechanical properties than the polygonal ferrite. Another
microstructural factor that adds up to the strength is the presence of M/A islands in the matrix.
High C microalloyed steel (B) discussed here had the highest volume fraction of M/A island, which
explains why it had the highest yield and tensile strength than all other steels. High Nb
microalloyed steel (C) had the microstructure of polygonal ferrite, hence lowest yield and tensile
strengths were obtained. Base steel had only bainite microstructure with a small amount of M/A
islands. Therefore the mechanical properties find themselves in between the other two steels.
The sequence of ductility of three steels was: steel A > steel B > steel C. Steel C had ~40%
polygonal ferrite and even though polygonal ferrite is known to have low strength and high
ductility, steel C had the lowest elongation. This is attributed to the extremely high density of
precipitates among all the three steels. The relatively lower elongation of steel B is attributed to
M/A islands, which decreases the elongation because stress gets localized at M/A islands and are
potential sites for fracture. Given that bainite is known for a good combination of strength and
elongation, it is reasonable to say that steel A had the highest elongation because of the bainitic
structure.
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Figure 6.9. TEM micrographs showing bainite microstructure in steel C with higher Nb-content.
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6.3.2 TEM study of precipitation analysis
Thermo-calc used to analyze the precipitation behavior of (Nb, Ti)(C, N) and TiN in three
steels. The precipitation diagram of (Nb, Ti) (C, N) and TiN for three steels are presented in figure
6.14. The precipitation start temperature of TiN is similar for all the three steels (~ 1510 ℃), and
the diﬀerence in the amount of TiN precipitated in the three steels is insigniﬁcant, steel A and steel
B is predicted to be ~ 0.039 g, steel C is ~ 0.032 g. Thus, it can be concluded that the degree of
TiN precipitation in three steels, if any, is similar.
The precipitation starts temperature of (Nb, Ti)(C, N) for steels A, B and C was 1230 ℃,
1300 ℃, and 1240 ℃. It is obvious that the increase of C or Nb will increase the precipitation
temperature of (Nb, Ti)(C, N). The amount of (Nb, Ti)(C, N) precipitated in steels A, B and C
from figure 6.14 is 0.066 g, 0.076 g, and 0.081 g, respectively, i.e., the degree of (Nb, Ti)(C, N)
precipitation in three steels follows the sequence steel A < steel B < steel C. The precipitation
temperature of (Nb, Ti)(C, N) in steel B was the highest, and C shifted the precipitation
temperature to higher temperatures. This is the underlying reason for steel B to have large-sized
(Nb, Ti)(C, N) precipitates. (Nb, Ti)(C, N) precipitates in steel C had the smallest size and
highest density, consistent with thermo-calc calculations. The (Nb, Ti)(C, N) precipitates in steel
A was relatively small and is attributed to low precipitation temperature and lowest density, in
accordance with the calculated results.
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Figure 6.10. (a, b, c) TEM micrographs of carbon extraction replica showing (Nb, Ti)(C,N)
precipitates and (d) EDS of (Nb, Ti)(C,N) precipitates in base steel A.
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6.3.3 Microstructural study
Given that continuous cooling was adopted, the microstructure of the three steels is
governed by phase transformation during cooling. CCT curves for the three steels were obtained
by JMatPro (figure 6.15) to understand the microstructure in three steels. The CCT diagrams of
steel A and steel B were calculated based on the chemical composition, the ﬁnish rolling
temperature of 910 ℃, and the prior austenite grain size of 30 µm.
Chemical composition, grain size and stored energy of prior austenite has an impact on
phase transformation during cooling. Precipitation of (Nb, Ti)(C, N) consumes the signiﬁcant
amount of carbon, and carbon has a signiﬁcant eﬀect on phase transformation. The carbon
concentration in austenite was calculated by Thermo-calc (figure 6.16). The carbon concentration
in austenite increases with temperature or decreases with a decrease in temperature, because of
(Nb, Ti)(C, N) precipitation. At a ﬁnish rolling temperature of 910 °C, the carbon concentration in
austenite was similar for steels A and steel C (~ 0.01 wt%), and lower than steel B (~ 0.035 wt%).
The (Nb, Ti)(C, N) precipitation density in the three steels followed the sequence steel C
> steel B > steel A. (Nb, Ti)(C, N) precipitation pin dislocations, and have an eﬀect on strain
accumulation and reﬁnement of prior austenite grains [172]. Thus, strain accumulation in three
steels can be considered to follow the sequence: steel C > steel B > steel A, and prior austenite
grain size can be envisaged to follow: steel C < steel B < steel A. The austenite grain boundary is
an eﬀective nucleation site for phase transformation (both ferrite transformation and bainite
transformation), and strain energy promotes phase transformation by decreasing the nucleation
energy. In conclusion, the eﬀect of (Nb, Ti) (C, N) precipitation on phase transformation followed
the sequence: steel C > steel B > steel A.
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Considering the cooling rate of 10 ℃/s after rolling, steel A crosses the start line of ferrite
and bainite phase transformation and ﬁnish curve of bainite transformation. Based on the CCT
diagram, polygonal ferrite and bainite should be observed in the microstructure. The ferrite start
transformation temperature is ~ 775 ℃ and the time that steel A is in the ferrite phase
transformation region is ~ 27 s. Thus, there is enough time for ferrite to nucleate but not enough
time for ferrite to grow at this temperature, consider there is no ferrite observed in the
microstructure. Thus, it is diﬃcult to distinguish the small amount of ferrite with bainite, because
the expansion induced by bainite transformation introduces dislocations in ferrite. When the
cooling curve crosses the ﬁnish curve of bainite transformation, entire austenite is transformed to
bainite. This is the reason for observing granular bainite in steel A.
Steel C had lowest carbon content compared to steel A, and highest strain accumulation,
the nucleation time of ferrite and bainite is reduced. Based on this reason, the ferrite curve in CCT
diagram of steel C shifts to left compared to steel A. The ferrite transformation start temperature
of steel C was estimated to be ~ 810 ℃ greater than steel A. The movement of austenite/ferrite
phase boundary is governed by carbon during ferrite transformation, which will be faster at higher
temperature. The time that steel C stays in the ferrite phase transformation region was ~ 29 s, based
on figure 6.15. During this time, 40% polygonal ferrite was formed. After this, carbon partitioned
into untransformed austenite, and the increase of carbon shifted the CCT diagram of bainite
transformation to the right. With the interaction of carbon and strain accumulation during bainite
transformation, the start curve and ﬁnish curve of steel C were close to steel A. When steel C was
cooled in the bainite transformation region and crossed the ﬁnish curve, the balance of austenite
(60%) transformed to bainite. Compare with steel A, the time of steel C stays in the ferrite phase
transformation region was little longer than steel A but the microstructure was signiﬁcantly
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diﬀerent, this is because the calculation of CCT diagram was not considering the strain
accumulation eﬀect on the phase transformation. Strain accumulation facilitates nucleation of
polygonal ferrite formation and bainite shift transformation curve to the left as compared to steel
A.
Although strain accumulation has inﬂuence on phase transformation, the start curve of
ferrite and bainite phase transformation in steel B was moved to the right as compared to other
steels. The carbon concentration in austenite on ﬁnish rolling of steel B temperature was highest
(figure 6.16), the Bf of steel B was on the right of steel A, at the identical cooling rate. Steel B did
not form large amounts of ferrite for reasons similar to steel A, and the cooling curve of steel B
did not cross Bf (ﬁnish of bainite transformation). Thus, some austenite transformed to M/A
islands on cooling below the martensite transformation temperature. This is the reason for the large
amount of M/A islands observed in steel B.
As discussed earlier, coiling of steel in the bainite temperature range has led to bainite
microstructure. In high C microalloyed steel (B), this bainite transformation was restrained
because of higher carbon content. Carbon increases the stability of austenite. Therefore, bainite
transformation is delayed and upon cooling through martensite transformation temperature, the
carbon-enriched untransformed austenite transformed to martensite. The retained austenite
combined with this transformed martensite to form M/A islands in very small sizes which were
clearly visible through TEM. This is the reason for the large volume fraction of M/A islands seen
in high C microalloyed steel (B).
Alloying elements like niobium and titanium were added for grain refinement and
precipitation strengthening. In steel C, increase in Nb content shifted the ferrite start curve to its
left in Continuous Cooling Temperature (CCT) diagram, hence while cooling the steel, the cooling
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curve passed through ferrite and bainite transformation (FS-Ferrite start temperature, BS – bainite
start temperature) but did not pass through the finish curve of bainite transformation (Bf). Thus,
there was no sufficient time for the steel to form bainite completely. Also, few ferrite regions were
already formed before going through the bainite transformation curve. Thus, only that part of
untransformed austenite was available for bainite and martensite formation. Therefore, in high Nb
microalloyed steel besides ferrite and bainite transformation, martensite/austenite islands also
occurred.
EDS results confirmed that the precipitates were (Nb, Ti) (C,N). The precipitate density
was less in both the base steel and high C microalloyed steel. The reason can be explained with
the help of the CCT diagram. Figure 6.15 shows the ferrite and bainite start and finish
transformation curves of different alloy groups at a cooling rate of 10 °C/s, drawn using JMatPro.
The solubility of NbC is much higher in austenite, and therefore they precipitate out at lower
temperatures, hence the smaller size. The solubility of Nb(C,N) and TiN precipitates at different
composition are picturized in figure 6.14.
Bainitic transformation occurred rapidly in base (A) and high C microalloyed steels (B)
and therefore, there was no time for the precipitates to grow in size but in high Nb microalloyed
steels (C), the size of the precipitates increased because the ferrite transformation curve shifted left
allowing much time for the precipitates to grow. Precipitation strengthening is determined by the
increase in volume fraction of precipitates and reduction in precipitate size. In high Nb
microalloyed steel precipitate size increased, this explains one of the reasons for the drop in the
mechanical properties.
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Figure 6.11. (a–d) TEM micrographs of carbon extraction replica showing precipitates, (e) EDS
of precipitates in (c) and (f) EDS of precipitates in (d) of steel B with higher carbon content and
low Nb.
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Figure 6.12. TEM micrographs showing (Nb, Ti)C precipitates in steel C with higher Nb-content.
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Figure 6.13. Precipitate particle size distribution of (a) steel A, (b) steel B, (c) steel C and (d)
magniﬁed view of (b).
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Figure 6.14. (Nb, Ti)(C,N) and TiN precipitation in three steels as calculated by Thermo- calc.
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Figure 6.15. CCT diagram of three steels.
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Figure 6.16. Estimation of carbon-content in austenite of three steels by Thermo-calc software.
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6.4

Conclusions
Microalloyed steels with high carbon and high Nb content were studied in terms of

structure-property relationship. The following are the conclusions: Base microalloyed steel (A)
and high C microalloyed steel (B) shared the similar microstructure, the addition of Nb into base
steel changed some of the austenite microstructure to polygonal ferrite. The base steel A had
intermediate strength and highest elongation, while high-carbon steel B had the highest strength
and intermediate elongation. High-Nb steel C had the lowest strength and lowest elongation.
Introducing Nb had an impact on the tensile properties of the steel. It reduced yield, tensile strength
and percent of elongation thereby making the steel rigid with high Young’s Modulus. This is
because polygonal ferrite has lower strength than bainite, as bainite has a high density of
dislocation in them. The M/A islands and bainitic structure of steel B contributed to highest
strength and intermediate elongation. Polygonal ferrite in steel C was responsible for low strength
and high density of precipitates responsible for low elongation, while granular bainite and lath
bainite in steel A had the best combination of strength and elongation. The increase of carbon and
Nb in steel increased the precipitation temperature of (Nb, Ti)(C, N), and higher precipitation
temperature led to the relatively larger size of (Nb, Ti)(C, N) precipitates. High degree of (Nb,
Ti)(C, N) precipitation contributed to reﬁnement of prior austenite grain size and strain
accumulation, which increases ferrite and bainite start transformation temperature, resulting in
higher volume fraction of polygonal ferrite in steel C. High carbon concentration contributed to
the stabilization of austenite and delayed the transformation of ferrite and bainite, such that M/A
islands were observed in steel B. Also, introducing Nb into the steel shifted the ferrite
transformation curve to its left in the CCT diagram, thereby forcing the cooling line to pass through
the ferrite region. Thus, [Nb, Ti] [C,N] which precipitates out at higher temperatures leading to
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their large sizes. Introducing C had increased the volume fraction of M/A islands in the steel,
thereby increasing the tensile properties. Yield and tensile strength values increased around 100
MPa with an approximate 10% drop in elongation when compared to base steel.
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CHAPTER 7: CONCLUSION AND FUTURE WORK
7.1

Main conclusion
1. The structure-mechanical property relationship (yield strength and tensile strength)
in low carbon steel microalloyed with Nb and Ti was studied at two different
coiling temperatures.
2. Coiling at low temperature led to a microstructure consisting of predominantly
bainitic ferrite (and low fraction of polygonal ferrite).
3. On the other hand, coiling at a high temperature, the microstructure was
characterized by polygonal ferrite. The differences in coiling temperature were
responsible for the variation in yield strength of microalloyed steel.
4. The accumulation of dislocations prior to yielding of steel with a small fraction of
polygonal ferrite was responsible for the low yield strength of steel, while the high
bainite fraction contributed to tensile strength.
5. The ﬁnish rolling temperature prior to interrupted cooling signiﬁcantly impacted the
ultimate microstructure and corresponding tensile properties, which were different
from continuous cooling.
6. At high ﬁnish rolling temperature with interrupted cooling, the microstructure
consisted of polygonal ferrite, a high fraction of bainite and a small fraction of ﬁlmlike M/A constituent. But when the ﬁnish temperature was reduced, bands of polygonal
ferrite and bainite were observed with a relatively high fraction of M/A.
7. The behavior of interrupted cooled steels was different from continuous cooled steel,
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where a high fraction of M/A islands was observed between bainite laths.
8. The density of precipitation of (Nb, Ti)C followed the sequence: IC910 > IC820 > CC
such that the yield strength was maximum for IC910. The high yield strength is also
attributed to transformation hardening (bainite transformation).
9. EBSD studies indicated differences in average grain area for CC, IC910, and IC820
steels, for misorientation angle 2.5 – 15° and > 15°. The signiﬁcant difference in the
density of HAGB was observed for the experimental steels. The maximum density of
HAGB was observed for IC910 steel with high bainite content.
10. Microalloyed steels with high carbon and high Nb content were studied in terms of
structure-property relationship. The following are the conclusions: Base microalloyed
steel (A) and high C microalloyed steel (B) shared the similar microstructure, the
addition of Nb into base steel changed some of the austenite microstructure to
polygonal ferrite.
11. The base steel A had intermediate strength and highest elongation, while high-carbon
steel B had the highest strength and intermediate elongation. High-Nb steel C had the
lowest strength and lowest elongation. Introducing Nb had an impact on the tensile
properties of the steel. It reduced yield, tensile strength and percent of elongation
thereby making the steel rigid with high Young’s Modulus. This is because polygonal
ferrite has lower strength than bainite, as bainite has a high density of dislocation in
them.
12. The M/A islands and bainitic structure of steel B contributed to highest strength and
intermediate elongation. Polygonal ferrite in steel C was responsible for low strength
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and high density of precipitates responsible for low elongation, while granular bainite
and lath bainite in steel A had the best combination of strength and elongation.
13. The increase of carbon and Nb in steel increased the precipitation temperature of (Nb,
Ti)(C, N), and higher precipitation temperature led to the relatively larger size of (Nb,
Ti)(C, N) precipitates.
14. High degree of (Nb, Ti)(C, N) precipitation contributed to reﬁnement of prior austenite
grain size and strain accumulation, which increases ferrite and bainite start
transformation temperature, resulting in higher volume fraction of polygonal ferrite in
steel C.
15. High carbon concentration contributed to the stabilization of austenite and delayed the
transformation of ferrite and bainite, such that M/A islands were observed in steel B.
16. Also, introducing Nb into the steel shifted the ferrite transformation curve to its left in
the CCT diagram, thereby forcing the cooling line to pass through the ferrite region.
Thus, [Nb, Ti] [C,N] which precipitates out at higher temperatures leading to their large
sizes.
17. Introducing C had increased the volume fraction of M/A islands in the steel, thereby
increasing the tensile properties. Yield and tensile strength values increased around 100
MPa with an approximate 10% drop in elongation when compared to base steel.
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7.2

Future work
1. An extensive study on the effect of non-metallic inclusions such as manganese sulfide,
calcium aluminates, spinel structures, alumina, calcium aluminate – calcium sulfides
on the line pipe steels is necessary for producing better line pipe steel grades.
2. Thermomechanical processes can be fully utilized by changing several other
parameters and checking the respective microscopic and mechanical properties in
various thickness strips. Commercialization of X-120 grade steel is a high priority in
industrial point of view.
3. Bake hardening process could be applied to know the limits of strengthening a process
that way further enhancing the mechanical properties if possible.
4. Utilization of EBSD technique to broadly study the properties of acicular ferrite
structure is a feather to the cap including but not limited to misorientation angles to
find the amount of low angle grain boundaries in line pipe steel.
5. Corrosion properties of the thermo-mechanically treated line pipe steels should be
investigated to ensure the scope of utilizing them in severe degradation and extreme
weather conditions.
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